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ABSTRACT 
 A recent series of inexplicable catastrophic failures of specific subsea dissimilar 
metal Fe-Ni butter welds has illuminated a fundamental lack of understanding of both the 
microstructure created along the fusion line as well as its impact on the hydrogen 
susceptibility of these interfaces.  In order to remedy this, the present work compares and 
contrasts the microstructure and hydrogen-induced fracture morphology of AISI 8630-IN 
625 and F22-IN 625 dissimilar metal weld interfaces as a function of post-weld heat 
treatment duration.  A variety of techniques were used to study details of both the 
microstructure and fracture morphology including optical microscopy, scanning electron 
microscopy, secondary ion mass spectrometry, transmission electron microscopy, 
electron backscatter diffraction, and energy dispersive x-ray spectroscopy.  
 For both systems, the microstructure along the weld interface consisted of a 
coarse grain heat-affected zone in the Fe-base metal followed by discontinuous 
martensitic partially-mixed zones and a continuous partially-mixed zone on the Ni-side of 
the fusion line. Within the partially mixed zone on the Ni-side there exists a 200 nm-wide 
transition zone within a 20 µm-wide planar solidification region followed by a cellular 
dendritic region with Nb-Mo rich carbides decorating the dendrite boundaries.  The size, 
area fraction and composition of the discontinuous PMZ were determined to be 
controlled by uneven mixing in the liquid weld pool influenced by convection currents 
produced from the welding procedure.  The virgin martensitic microstructure produced in 
these regions is formed as consequence of a both the local composition and the post-weld 
heat treatment.  The local higher Ni content results in these regions being retransformed 
into austenite during the post-weld heat treatment and then virgin martensite while 
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cooling to room temperature.  Although there were differences in the volume of the 
discontinuous partially mixed-zones, the major difference in the weld metal interfaces 
was the presence of M7C3 precipitates in the planar solidification region.  The formation 
of these precipitates, which were found in what was previously referred to as the 
“featureless-zone,” were determined to be dependent on the carbon content of the Fe-base 
metal and the duration of the post-weld heat treatment.  A high density of these ordered 
100 nm-long by 10 nm-wide needle-like precipitates were found in the AISI 8630-IN 625 
weldment in the 10 hour post-weld heat treatment condition while only the initial stages 
of their nucleation were evident in the F22-IN 625 15 hour post-weld heat treatment 
specimen.   
 The study of the fractured specimens revealed that the M7C3 carbides play a key 
role in the susceptibility to hydrogen embrittlement of the Fe-Ni butter weldments.  The 
fractures initially nucleate along the isolated Fe-base metal – discontinuous partially 
mixed zone interfaces.  The M7C3 carbides accumulate hydrogen and then provide a low 
energy fracture path between the discontinuous partially mixed zones leading to 
catastrophic failure.  The result is a fracture morphology that alternates between flat 
regions produced by fracture along the discontinuous partially mixed zones and cleavage-
like fracture regions produced by fracture along the ordered carbide matrix interfaces.  
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CHAPTER 1 
INTRODUCTION 
 Dissimilar metal welds are used extensively in power generation, petrochemical 
and heavy fabrication industries.  Typical applications include cladding for corrosion 
resistance and joining of base metals that differ in chemical composition and or 
mechanical properties.  Dissimilar metal butter-welded transition joints, for example, are 
commonly used by the oil and gas industry to join a range of structural components 
including valves, connectors, flowline tees, manifolds and bends to carbon steel pipe 
because they allow welded connections to be made between high strength hardenable 
forged steels and alloys to non-hardenable pipeline steels and alloys in-lieu of flanged 
connections.  While flanged connections are an option for equipment where dissimilar 
metals must be joined, they are economically prohibitive and raise some safety concerns 
in facilities that handle hydrocarbon or lethal products. 
 In this document the dissimilar metal welds used to join subsea manifolds to 
subsea line-pipe will be specifically investigated.  Subsea manifolds are an integral part 
of the subsea architecture for offshore oil platforms, Figure 1.1.  In the case of large area 
oilfields in deep water, a variety of well-heads are spread out across the ocean floor to 
access the oilfield.  Subsea line-pipes are then used to connect the well-heads to a handful 
of subsea manifolds, Figure 1.2.  In addition to the line-pipe used to connect the well-
heads to the platform, the manifolds are also connected to a floating offshore oil platform 
through a series of riser pipes.  The manifolds are used to control flow from the wells up 
to the platform as well as from the platform back down into the wells, and minimize the 
required number of fatigue susceptible riser pipes that need to be used.  An example of a  
2 
 
 
Figure 1.1 A floating offshore oil platform connected to a subsea architecture by riser pipes [6]. 
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single 100-ft long forged, non-field weldable manifold is shown in Figure 1.3 before 
installation. 
 
Figure 1.2 Subsea architecture for an offshore oil platform consisting of wellheads spread out across 
the ocean floor connected to manifolds [6]. 
 
Figure 1.3 A 100 foot-long forged subsea manifold before installation [6]. 
 On site construction is required for the subsea architecture as a consequence of 
the scale of the structure and the practical limits of shipping large components to offshore 
locations.  With respect to the manifolds, this means that a variety of pipes must be 
welded onto the manifold in the field.  The high-strength steels used to make these forged 
subsea components, however, cannot be welded on location because their high carbon 
and alloying element compositions result in formation of a brittle martensitic 
microstructure upon cooling from welding temperatures. This severely reduces 
mechanical performance and fracture toughness [7].  Nickel-based weld metals are thus 
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used to create a butter layer on top of the high-strength steel surfaces within the 
production facilities.  The high-strength steel buttered interfaces can then be post-weld-
heat-treated (PWHT) to recover the ductility lost in the base metal during the welding 
process without affecting the weld metal.  After the butter material is beveled, field welds 
can be completed between the nickel-based butter weld material and the pipeline steel 
without heating the forged components sufficiently from the welding procedure to 
embrittle them.  Nickel-based weld metals have been selected for this procedure in place 
of carbon steel, which soften during PWHT, and austenitic stainless steels, which are 
more capable of stable carbide hardening and create large decarbarized zones in the 
ferrous-based materials [8]. 
 Because the oil and gas industry commonly use iron-nickel dissimilar metal weld 
interfaces for subsea equipment, they are subjected to cathodic protection to prevent 
corrosion.  Evidence of this can be seen by the white blocks attached to the manifold 
frame in Figure 1.4 which are sacrificial anodes used to provide a polarization potential 
via a galvanic reaction.  One of the potential side effects of this form of corrosion control 
is that areas of the structure which are overprotected, such as those near the impressed 
current anodes, can have very negative polarized cathodic potential values causing a 
hydrogen ion reduction reaction to take place on the metal surface leading to absorbed 
hydrogen.  The absorbed hydrogen diffuses into the metal owing to its solubility in the 
metal lattice and can concentrate in plastically deformed areas as well as a variety of 
interfaces.  Hydrogen is well known to cause mechanical degradation of virtually all 
metallic systems often resulting in failure of structural components below their design 
limits [9, 10].  The presence of hydrogen has been used to explain a series of AISI 8630- 
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Figure 1.4 Sacrificial anodes attached to the frame of a subsea manifold used to provide cathodic 
protection through a galvanic coupling [6]. 
IN 625 dissimilar-metal weld failures on subsea manifolds in the North Sea [11].  A 
similar, more recent, series of catastrophic failures occurred in the AISI 8630-IN 625 
dissimilar metal welds on subsea manifolds in the Gulf of Mexico [12].  Both series of 
failures produced similar unique fracture morphologies that alternated between regions 
having a flat fracture morphology and regions have a cleavage-like fracture morphology.  
The root cause of failure is still not well understood, other than it being attributed to 
hydrogen embrittlement.  Neither the fracture initiation site nor the fracture mechanism 
have been determined despite numerous investigations [12-14].  Compounding the 
problem is that only some of these dissimilar metal weld details exhibit this susceptibility 
to hydrogen-accelerated failure, despite all having met the required metrics for use in 
subsea applications.  Due to the critical nature of these welds and the potential safety and 
environmental risks posed by a failure, understanding the reliability and long-term 
performance of these welds in a hydrogen environment is paramount.  
Our inability to design around, or even understand these failures demonstrates a 
lack of fundamental understanding of the microstructure which is created along the 
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dissimilar metal interfaces as well as how that microstructure interacts with hydrogen to 
create a failure susceptible structure. The research reported in this thesis uses a variety of 
microscopic techniques to determine both the composition and structure created along the 
described Fe-Ni dissimilar metal weld interfaces for a variety of weld metal compositions 
and PWHT conditions over length scales ranging from millimeters to nanometers.  Once 
the structure was understood and correlated to processing variables, failed specimens that 
were created in a controlled environment both with and without hydrogen were 
examined.  Careful and detailed fractography as well as micron-sized cross-sectional 
focused ion beam (FIB) lift-out specimens extracted directly from the fracture surface 
allowed for the fracture path to be determined down to a nanometer scale. This allowed 
the fracture path to be precisely correlated with the examined microstructure along the 
dissimilar metal weld interface.  This thesis provides insight into both the complex 
microstructure which is created along the dissimilar metal Fe-Ni interface and its 
controlling mechanisms as well as its interaction with hydrogen to produce failure 
susceptible components. 
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CHAPTER 2 
BACKGROUND 
2.1 Weld metal microstructure 
 Arc welding procedures, which use a welding power supply to create an electric 
arc between an electrode and the base metal, have been successfully used since the late 
1800’s. It has proven to be a pivotal technology for the modern era allowing rapid 
construction of metallic structures. The electric arc is used to generate the heat necessary 
to locally melt and join the metals at the welding point.  While these procedures allow for 
a rapid joining of both large and small structures alike, care must be taken to understand 
the consequences a localized and rapid moving heat input has on the metal microstructure 
as well as the corresponding mechanical properties.  The localized heat input from an arc 
welding procedure typically creates a gradient microstructure both in the adjacent base 
metal, known as the heat affected zone (HAZ), as well as in the solidified weld metal. 
2.1.1 Heat affected zone microstructure 
 Despite the apparently complex gradient of microstructure created within the 
HAZ, each region within it can readily be predicted when the temperature profile from 
the welding procedure is compared to the relevant phase diagram.  This is illustrated for a 
0.3 wt% C steel base metal in Figure 2.1.  The HAZ within a ferrous alloy typically 
contains a variety of microstructures including a coarse grain region, a fine grain region, 
an intercritical region, a spheriodized region and a recrystallized region [15].  The coarse 
grain region is closest to the fusion line and withstands the highest temperatures.  A 
comparison of the temperature profile to the phase diagram for this region, Figure 2.1, 
demonstrates that the maximum temperature approaches the top of the FCC austenitic 
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phase region.  This means that not only are austenitic grains nucleated, they have 
sufficient time and temperature to coarsen resulting in the characteristic coarse grain 
region.  The following fine grained zone is again a consequence of the steel experiencing 
temperatures sufficiently high to nucleate austenitic grains.  Unlike the coarse grained 
zone, however, the maximum temperature experienced within this region is near the 
bottom of the austenitic phase region.  Consequently, the grains within this region remain 
fine because they do not experience a high enough temperature for sufficient time to 
allow significant grain growth.  The maximum temperature in the next coolest region, the 
intercritical HAZ, exists in the binary ferrite-austenite region, meaning that some grains 
are austenitized and refined while some are not.  All regions that experience temperatures 
above the A1 temperature (approximately 723ºC), and thus nucleate austenitic grains, are 
capable of forming a meta stable brittle martensitic structure upon cooling depending on 
the cooling rate and the alloy content.  Removing or mitigating the formation of brittle 
martensitic regions is the primary reason for using PWHT and preheat procedures.  The 
remaining zones, starting with the spheriodized region, are below the A1 temperature and 
are thus not in danger of forming martensite upon cooling.  The spheriodized region 
contains grains with spherical Fe3C precipitates as opposed to the plate like Fe3C 
precipitates typically seen in pearlitic grains as a result of interface energy reduction via 
tempering.  The final zone is the recrystallized region which experiences temperatures 
only sufficiently high to remove crystalline defects.  The size of the HAZ and each 
respective zone within it is variable and dependent on the temperature profile which is 
dictated by the welding variables and the alloy content of the base metal.  
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Figure 2.1 Microstructure created in the heat affected zone and solidified weld metal as a 
consequence of the welding procedure.  Adapted from [1, 15]. 
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2.1.2 Solidification microstructure 
 In addition to the variety of microstructures created by the welding procedure in 
the unmelted metal, a number of solidification structures can be created within the weld 
metal, as further illustrated in Figure 2.1.  During solidification of a pure metal the solid-
liquid interface is usually planar unless severe undercooling is imposed. The 
solidification of an alloy, however, is often more complex and depends on the 
solidification condition and the material system involved.  Four types of solid-liquid 
interfaces have been identified and directly observed by studying solidification of 
transparent organic materials including planar, cellular, cellular dendritic and equiaxed 
dendritic [16], Figure 2.2.     
      
      
Figure 2.2 Basic solidification modes a) planar solidification of carbon tetrabromide [16]; b) cellular 
solidification of carbon tetrabromide with a small amount of impurity [16]; c) columnar dendritic 
solidification of carbon tetrabromide with several percent impurity [16] d) equiaxed dendritic 
solidification of cyclohexanol with impurity [17].  Adapted from [1]. 
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 The constitutional supercooling theory, which considers only the thermodynamic 
aspect of the problem [18], and the interface stability theory, which also considers 
interface kinetic and heat transfer, are the two major quantitative theories proposed to 
describe the observed breakdown of the solid-liquid interface [19-21].  Despite its 
relative simplicity, the constitutional supercooling theory predicts the conditions under 
which a solid-liquid interface will break down fairly well for alloys with isotropic surface 
energy and has been verified experimentally [22-29].  When the temperature of a solid-
liquid interface is below the liquidius temperature, solid and liquid must coexist at the 
interface resulting in the breakdown of a planar interface into a cellular or dendritic one.  
The temperature difference across the boundary layer is determined by the equilibrium 
freezing range,         , where TL and TS are the liquidus and solidus temperatures, 
respectively.  The thickness of the boundary layer at steady state can be determined 
mathematically to be approximately    ⁄ , where DL is the diffusion coefficient of the 
solute in the liquid and R is the growth rate of the interface [25].  Thus, the slope of the 
tangent to the liquidus temperature distribution at the solid-liquid interface is 
  (   ⁄ )⁄ .  Consequently, the temperature gradient at the interface, G, must be at least 
     ⁄  to ensure a stable planar solid-liquid interface.  The steady state form of the 
criteria for planar growth is thus: 
 
 
 
  
  
                                                                (   ) 
As constitutional supercooling increases, the solidification mode transitions from planar 
to cellular to dendritic and finally to equiaxed dendritic, but simple theories, such as the 
constitutional supercooling theory, are not available to predict any transitions beyond the 
planar interface breakdown.   
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Because the solidification structure within the weld metal depends on the amount 
of constitutional supercooling, the structure can vary from one weld to another, as well as 
within a single weld from the fusion line to the center line as demonstrated in Figure 2.1.  
Transition from one solidification mode to another within a single weld can be 
understood when the growth rate, R, and the temperature gradient, G, are considered with 
respect to the weld pool centerline.  Figure 2.3 demonstrates the relationship between the 
growth rate, R, and the welding speed, V.  The distance a given point travels on the pool 
boundary in the normal direction, n, during an infinitely small time interval, dt, is  
     (   )     (   )   (   ).                               (2.2) 
Dividing Equation 2.2 by      (   ) yields 
  
     
   (   )
                                                              (   ) 
where α is the angle between the welding direction and the normal to the weld pool 
boundary and β is the angle between the welding direction and the growth direction of a 
dendrite, <100> in FCC and BCC materials [30].  As an approximation, the difference 
between the two angles is neglected and Equation 2.3 becomes  
      ( )                                                                 (2.4) 
Thus, as illustrated in Figure 2.3 the solidification rate, R, is maximum at the centerline 
and minimum at the fusion boundary.  Because the weld pool is elliptical with the long 
axis along the welding direction, the distance between the maximum weld pool 
temperature, Tmax, and the pool boundary, TL, is longer along the weld centerline than the 
fusion line, Figure 2.3.  Due to the difference in distance and the similarity in temperature 
change, the temperature gradient normal to the pool boundary at the centerline, GCL, is 
less than that at the fusion line, GFL.  Therefore the G/R ratio is reduced near the 
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centerline compared to the fusion line and thus changes in solidification mode are 
encouraged. 
 
Figure 2.3 Variations in temperature gradient, G, and growth rate, R, along the weld pool boundary.  
Adapted from [1]. 
2.1.3 Macrosegregation in dissimilar metal welds 
 The microstructure created by welding is further complicated in the case of 
dissimilar metal welding because sharp compositional gradients can be produced near the 
weld interface that can result in intricate local microstructures which are further 
complicated by PWHT procedures.  Macrosegragation in dissimilar welds, discovered 
over forty years ago, is defined as local regions of segregated composition which are 
larger than the scale over which microsegregation occurs.  Microsegreation occurs over 
the scale of dendrite arm or cell spacing [1, 31].  Macrosegragation has been observed in 
a variety of dissimilar metal weld alloy combinations including steels, stainless steels, 
aluminum alloys, nickel-based alloys and superalloys in various forms, but remains 
poorly understood.  This is partially due to the fact that macrosegregated regions appear 
in different sizes, morphologies, and composition ratios in virtually every system studied.  
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Regions of similar size and shape in one system may have no compositional gradient 
across them while they can have either a sharp or gradual compositional gradient in 
another system despite their similar morphology, for instance.  Even the number of 
possible macrosegrated morphologies varies from one system to another.  Compounding 
the confusion, investigators have given these regions a large variety of names depending 
on whether they have chosen to name them based on their morphology, composition, 
size, mechanical or corrosion properties and or position relative to the weld metal 
composition or interface.  Due to the large variation witnessed between macrosegregated 
regions, investigators have supplied a plethora of possible mechanisms to explain how 
these regions are formed, including fluid flow and degrees of mixing, liquid and solid 
state diffusion, convection, solidification mechanisms as well as a variety of 
combinations therein [32-37].  While each of these reported explanations apply to the 
unique case, they fail to provide a unifying explanation for the macrosegregation 
phenomena in general and an understanding of what instances specific mechanisms 
should or should not apply.   
Recently, Kou and Yang presented four macrosegregation mechanisms based on 
four fundamental solidification mechanisms in an attempt to provide a single general 
theory explaining macrosegration behavior.  Each mechanism is general and results in a 
distinct macrosegregation structure which is supported by their own experimental results 
as well as trends they have identified in the literature [38-40].  The first of the four 
assumed fundamental solidification mechanisms is that the melting front is at the liquidus 
temperature of the base material (TLB) instead of the liquidus temperature of the weld 
material (TLW) because solid-state diffusion is far too slow to change the composition of 
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the solid to that in equilibrium with the bulk weld metal to make it melt completely at 
TLW.  Second, unlike similar metal welding, the solidification front is not isothermal 
everywhere at TLW.  Instead it is only at TLW along the bulk solidification front where the 
homogeneous bulk weld pool begins to solidify.  Third, base metal or weld metal can 
freeze quickly before complete mixing can occur if it is swept into a region with a lower 
liquidus temperature.  Forth, complete mixing throughout the weld pool is only possible 
under ideal conditions if TLW<TLB.  Using these four solidification principles, Kou and 
Yang considered two cases, one in which the filler metal mixes completely with the 
homogenous bulk weld pool and the other in which the dissimilar filler metal reaches the 
weld pool bottom before it is completely mixed with the bulk weld pool.  For each case, 
two conditions were examined including TLW<TLB and TLB<TLW, resulting in four 
mechanisms total.  Since Inconel filler metal used on carbon steel base metal is the 
weldment of interest here, only the two cases of TLW<TLB are discussed, starting with the 
simpler case of complete mixing with the bulk weld pool. 
Despite complete mixing between the liquid filler metal and the bulk weld pool, 
macrosegregation can still occur in dissimilar metal welding near the fusion boundary.  
This is partially a consequence of the “no-slip” boundary condition for fluid flow.  
According to fluid mechanics, the velocity of a moving liquid is zero at a solid wall [41].  
As a result, complete mixing in the weld pool all the way to the pool boundary is very 
unlikely.  It is using this line of reasoning that Savage first explained that a stagnant or 
laminar-flow layer of liquid base metal can exist near the pool boundary where 
convection is weakened to create an “unmixed zone” [37].  As shown in Figure 2.4, a 
filler-metal deficient beach is formed along the fusion boundary which solidifies at TLB as  
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Figure 2.4 Formation of fusion-boundary macrosegregation including beaches, peninsulas, and 
islands when filler metal makes TLW < TLB.  Adapted from [38]. 
opposed to the bulk weld pool which begins solidification at TLW.  It is important to note 
that a composition gradient can exist between the stagnant layer and the bulk weld pool 
as a consequence of liquid diffusion, partial mixing, and solute segregation, with planar 
solidification resulting in a larger composition change than cellular or dendritic 
solidification [34].  If liquid diffusion is able to entirely penetrate the stagnant layer due 
to the thickness of the layer compared to the rate of liquid diffusion, a composition 
gradient alone can exist, thus explaining how in some cases a “filler-metal depleted” zone 
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is observed without evidence of an “unmixed zone” [33, 35, 36].  For the purposes 
herein, both regions will be referred to as a filler deficient beach structure.   
Now that the formation of the filler deficient beach structure is understood, the 
additional forms of macrosegregation including variations in the thickness and continuity 
of the beach structures as well as the formation of islands and peninsulas can be 
rationalized by considering the effects of convection currents.  Convection currents in the 
weld pool are often very strong and can cause the stagnant layer to become very thin or 
even discontinuous if washed away completely by convection.  The stagnant layer, and 
the resulting beach, for instance, will vary in thickness along the fusion boundary if the 
heat input fluctuates during welding or the temperature gradient normal to the pool 
boundary varies along the pool boundary.  These are indications that the driving forces 
for convection in the weld pool, including a combination of the electromagnetic force, 
surface-tension gradients, impingement of filler metal droplets and arc shearing, are 
varying along the length of the weld.  This can in turn cause the weld pool convection to 
become turbulent and unsteady [1].  Thus, at select locations where convection jets 
impinging on the pool boundary are strong, the stagnant layer can be removed completely 
and a filler deficient beach will not exist.  This provides a possible explanation as to why 
the filler deficient beach is often discontinuous [32].  When considering the formation of 
peninsulas and islands, it is important to recall that because TLW < TLB the region of 
liquid weld metal immediately ahead of the TLW bulk solidification front is below TLB.  
As illustrated in Figure 2.4, this means that this region is cooler than the liquid base metal 
in the stagnant layer, which by definition is above TLB.  Consequently, if convection 
currents sweep liquid base metal in the nearby layer into the cooler region, it can begin to 
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freeze quickly without much mixing with the liquid weld metal.  If, however, the liquid 
base metal is swept further into the warmer bulk weld pool, it can mix completely with 
the pool and be dispersed quickly by convection before the cooler region catches up with 
it.  The result is macrosegregation immediately along the fusion line despite complete 
mixing with the bulk weld pool.  As demonstrated in Figure 2.4, depending on the width 
of the cooler region and the strength of the convection currents in the weld pool, filler 
deficient peninsulas or islands can form.  Due to the typical directions of the convection 
currents these features often appear roughly parallel to the fusion boundary relative to a 
transverse or longitudinal cross section [38]. 
The second mechanism describing macrosegregation for the case of TLW < TLB in 
which the weld metal is not completely mixed with the bulk weld pool by the time it 
reaches the pool bottom is more complicated than the previously described mechanism.  
This added complication is a consequence of  the additional liquidus temperatures in the 
weld pool which must be considered.  Depending on the extent the filler metal is diluted 
by the liquid base metal, the composition of the resultant bulk weld pool will be 
somewhere in between.  As assumed for this mechanism, however, mixing of the filler 
and base metal may not be complete and will be shown to affect the macrosegregation 
near the bottom of the weld pool.   When mixing in the weld pool is incomplete, the weld 
metal composition is close to that of the filler metal near the fusion boundary where 
mixing is most limited, but transitions to that of the bulk homogonous weld pool where 
mixing is complete.  These local changes in composition are, of course, accompanied by 
changes in liquidus temperature.  The liquidus temperature of the partially mixed filler 
metal (TLF’) is close to that of the original filler metal (TLF) near the fusion boundary and 
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close to TLW near the bulk weld pool.  Thus for the case of interest TLW < TLB, TLF < TLF’ 
< TLW < TLB.  Since undercooling is usually negligible in most arc welding, the 
solidification front for the bulk weld pool, where mixing is complete, is at TLW as shown 
in Figure 2.5.  Near the weld pool bottom, however, where the filler metal is only 
partially mixed, the pool solidifies at TLF’ and creates a filler-metal rich zone along the 
bottom as further illustrated in Figure 2.5.  Consequences of the convection currents on 
the stagnant layer [37], as described in the first mechanism [38], can then occur within 
the wide, much cooler (TLF’ << TLB) filler-metal rich zone [39].  The convection currents 
can easily carry the liquid base metal from the layer of base metal near the fusion 
boundary into the cooler region to freeze quickly before complete mixing occurs.  As 
suggested by the first mechanism, this can result in the formation of filler-metal deficient 
peninsulas adjacent to the fusion boundary.  The liquid base metal may also break up 
while being carried by the convection currents and thus form a variety of filler-metal 
deficient islands within the filler-metal rich zone.  In practice these often show up as 
streaks or swirls; the composition of which is between the composition of the base metal 
and the filler metal rich zone depending on the amount of mixing before freezing [39].  
Also similar to the first macrosegregation mechanism and Savage’s suggestion, a thin 
layer of liquid base metal may remain near the pool boundary in spite of convection 
currents and solidify in the form of a very thin beach, Figure 2.5 [37]. 
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Figure 2.5 Formation of weld bottom macrosegregation caused by a partially mixed dissimilar filler 
metal that makes TLW < TLB.  Adapted from [39]. 
2.2 Hydrogen in iron and nickel alloys 
The deleterious effects of hydrogen on the mechanical properties of iron, first 
reported over one hundred years ago [42], have since been shown to be virtually 
universal to all metals with the exception of Ag, Au and Cu; although even these metals 
may be susceptible under certain conditions.  The effect, now termed “hydrogen 
embrittlement,” is only operative within a rather narrow temperature range and at low 
strain rates, typically less than 10
-3
 s
-1
 [43].  Unfortunately, the temperature range of 
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concern includes room temperature for many alloys systems used for engineering 
applications making hydrogen embrittlement a serious concern for many structures. 
Hydrogen embrittlement typically causes a decrease in ductility, the degree of which is 
dependent on temperature, strain rate, microstructure and the method used to introduce 
hydrogen into the system [9, 43].  Hydrogen also typically localizes deformation and 
planerizes dislocation slip [44-47].  Furthermore the presence of hydrogen lowers the 
fracture initiation toughness and tearing modulus [9, 43].  The result is a rapidly 
propagating crack which nucleates and grows well below normal design limits and can 
lead to swift catastrophic failure of engineering systems.  Additionally hydrogen affects 
the fatigue properties of metals by lowering the threshold stress intensity, accelerating 
crack growth near the threshold regime and, in select systems again in the high cycle 
regime [48, 49].  
While virtually all metals and alloys are susceptible to hydrogen embrittlement 
welded structures are particularly susceptible to hydrogen cracking.  This is a 
consequence of a combination of several factors, which are commonly created as a result 
of the welding process, and include high local hydrogen concentrations, high stresses, 
and the formation of a susceptible microstructure.  High stresses are induced during 
cooling by solidification shrinkage and thermal contraction under constraints.  Cooling 
following the welding procedure can produce internal residual stresses up to the yield 
strength of the weld metal [1].  Locally high concentrations of hydrogen can be realized 
as a result of the absorption of hydrogen into the liquid weld metal, as discussed in more 
detail in Section 2.2.1, followed by hydrogen redistribution during cooling.  The 
redistribution is limited by hydrogen diffusion rates through the various phases created as 
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a consequence of cooling to room temperature, as discussed in more detail in Section 
2.2.3.  Figure 2.6 illustrates the expected redistribution of hydrogen from the weld metal 
to the HAZ during welding of a carbon steel, where TF and TB represent the 
austenitie/(ferrite+pearlite) and austenite/martensite transformation temperatures, 
respectively.  As the weld metal cools and transforms from austenite to ferrite and 
pearlite, hydrogen is rejected from the former into the latter due to the differences in 
solubility, as discussed in more detail in Section 2.2.2.  Because of the typically lower 
carbon content of filler metal relative to base metal, the weld metal also typically has a 
lower relative carbon content allowing it to transform from austenite to ferrite and 
pearlite before the HAZ transforms from austenite to martensite.  The build-up of 
hydrogen in the weld metal ferrite causes it to diffuse into the adjacent HAZ austenite.  
The lower hydrogen diffusion coefficient in austenite relative to ferrite, discussed in 
Section 2.2.3, discourages hydrogen diffusion from the HAZ to the base metal before the 
HAZ austenite transforms to martensite [50].  This, unfortunately, means that high 
hydrogen concentrations are realized within the hard brittle microstructure of the HAZ.  
Harder, higher yield strength metals are, in general, more susceptible to hydrogen 
cracking, but specifically the microstructural susceptibility to hydrogen degradation 
increases in the order: lower bainite, quenched and tempered martensite, pearlite or 
spheroidized structures and virgin martensite [51-53].  Thus as a result of the formation 
of such hard and susceptible microstructures, high residual stresses and hydrogen 
concentration, hydrogen cracking typically occurs within the HAZ as shown in Figures 
2.7-2.8.  Figure 2.7 demonstrates a common form of hydrogen induced cracking called  
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Figure 2.6 Diffusion of hydrogen from weld metal to HAZ during welding.  Adapted from [1, 54].   
      
 
 
“underbead cracking” in which cracking occurs essentially parallel to the fusion 
boundary through the HAZ.  Hydrogen cracking through the HAZ can also appear in 
other forms when accentuated by stress concentrations such as “toe cracking” where the 
cracks initiate at the intersection of the weld bead surface and the workpiece surface and 
“root cracking” where cracks initiate between the intersection of the bottom most region 
of the weld bead and the workpiece, Figure 2.8.  PWHT can improve the resistance to 
hydrogen-induced cracking by tempering the microstructure within the HAZ, reducing 
residual stresses and allowing hydrogen absorbed during the welding procedure to diffuse 
out of the material.  Should other sources of hydrogen become available, however, the 
Figure 2.7 Under-bead crack in a low alloy 
steel HAZ. Adapted from [2]. 
Figure 2.8 Hydrogen-induced toe and root 
cracking in a fillet weld of 1040 steel.  Adapted 
from [1]. 
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HAZ typically remains the most susceptible region to hydrogen cracking and often results 
in failures similar to those shown in Figures 2.7-2.8.  While this provides a brief 
overview of hydrogen-induced degradation in terms of welding, the relative details of 
hydrogen sources, solubility, diffusion and embrittlement mechanisms will be discussed 
in the following sections.            
2.2.1 The source of hydrogen 
The most common source of hydrogen in welds is a consequence of the welding 
procedure itself.  Due to the nature of the fusion welding environment, ions and excited 
atoms and molecules of hydrogen and other gases, such as nitrogen and oxygen, are 
present above the liquid weld pool surface which allow for enhanced solubility of these 
gaseous species in the weld pool far beyond that predicted by Sievert’s law [55-57].  
These elements usually come from air, the consumables such as shielding gas and flux, or 
the workpiece such as the moisture or dirt on its surface.  The extent of absorption of 
these species depends on the nature and composition of the welding environment, the 
temperature distribution on the weld pool surface, and the surface area of the weld pool.  
After hydrogen is absorbed, it is transported by convection and diffusion to the interior of 
the weld pool and by diffusion to the interior of the solid metal.  A variety of methods 
have been developed to control the amount of hydrogen exposed to the weldment, 
although they remain empirical in nature.  The majority of methods used to control the 
amount of hydrogen aim to reduce the amount of hydrogen gas above the liquid weld 
pool since this is often the only significant source of hydrogen.  This is typically 
accomplished through a variety of cleaning processes used removing dirt and oil, as well 
by using low cellulose fluxes [1, 58].  Any hydrogen which is introduced during the 
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welding process itself can be removed through a PWHT procedure.  The elevated 
temperature allows for a high rate of hydrogen diffusion to be achieved so that an 
equilibrium level of hydrogen within the weld structure can be restored.  This procedure, 
however, is not always practical especially when welding on location and in some 
instances can produce an undesirable microstructure and mechanical properties.           
In addition to hydrogen being introduced during the welding procedure, 
weldments can be exposed to a variety of hydrogen sources throughout their lifetime, the 
most common of which is from cathodic protection.  The British first used cathodic 
protection in 1824 on their navy ships before the science of electrochemistry was 
developed, but cathodic protection was not used extensively until the 1920s when it was 
applied to buried welded steel pipelines transporting petroleum products in the Gulf 
Coast oil fields of the United States [59].  Cathodic protection is now one of the most 
widely used methods of corrosion prevention.  The maximum corrosion rate of uncoated 
steel in aerated quiescent water is about 0.47 mm/year [60].  This intermediate corrosion 
rate may be acceptable in many applications, but not for permanent steel structures were 
long service life is necessary such as buried pipelines and offshore oil platforms.  
Cathodic protection is thus applied to reduce corrosion rates to negligible levels for those 
cases. 
Because corrosion is an electro-chemical process, the reaction rate can be 
controlled through the application of an electrical current.  The respective anode and 
cathode reactions for iron corroding in a dilute aerated neutral electrolyte for example are 
                                                            (2.5) 
          
      .                                      (2.6) 
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Cathodic polarization provides an excess of electrons which reduces the rate of the half-
cell reaction (1) while increasing the rate of the oxygen reduction, and thus OH
-
 
production, by reaction (2).  Thus, cathodic protection is achieved by supplying electrons 
to the metal structure to be protected.   
Electrons can be supplied either by an external power supply or by an appropriate 
galvanic coupling.  While an external power supply can precisely control the amount of 
current supplied and operate nearly indefinitely, it is often impractical to use in remote 
locations where the construction of additional infrastructure would be required.  In these 
situations magnesium, zinc or aluminum sacrificial anodes are connected directly to the 
steel structure in need of protection to create a galvanic coupling.  In a galvanic couple 
between dissimilar metals the galvanic current cathodically protects the more noble metal 
and preferentially corrodes the more active metal.  A surplus of electrons are thus 
supplied to the steel structure by the sacrificial anode.  The disadvantage of using 
sacrificial anodes is that they must be periodically replaced as a consequence of their 
continual anodic dissolution if the corrosion rate of the steel structure is to remain 
retarded.  Therefore, maximum anode life must also be considered and requires that only 
the minimum current for adequate protection be used.  
In addition to rapid anode dissolution, excessive cathodic polarization will result 
in the direct reduction of water: 
       
        
                                               (2.7)  
 as illustrated in Figure 2.9 [60].  Not only will the new reduction reaction wastefully 
consume additional cathodic current and sacrificial anode lifetime, hydrogen evolution 
will destroy protective coatings even in neutral or alkaline solutions and will lead to 
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ingress of hydrogen into the metal matrix.  The absorbed hydrogen will diffuse into the 
metal as a result of its solubility in the metal lattice.  High local concentrations of 
hydrogen will then be realized within the metal structure and may result in a severe 
degradation of the mechanical properties, as will be discussed in Sections 2.2.2.-2.2.5. 
Although the negative effects of overprotection are known, they are often difficult to 
avoid while maintaining full corrosion protection since protective currents are still 
primarily determined empirically and uniform applied currents are difficult to achieve on 
long pipes and large complex structures [59].  
 
Figure 2.9 Cathodic protection by impressed current density, iapp, for steel in neutral aerated water 
[60]. 
2.2.2 Hydrogen solubility and trapping in iron and nickel alloys 
 The hydrogen produced by the cathodic protection is absorbed into the metal 
lattice as a result of its solubility in the metal lattice.  In order to gain a true mechanistic 
understanding of how hydrogen affects the mechanical properties of a particular 
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microstructure, it is important to first determine how the hydrogen will be distributed 
within the microstructure.  The hydrogen concentration within a microstructure depends 
on several factors affecting both the solubility and the diffusivity of the hydrogen through 
the metal lattice. The solubility depends on both the crystal structure as well as the 
composition.  Luckemeyer-Hasse and Schenck first observed the effect of crystal 
structure on hydrogen solubility by measuring the amount of hydrogen absorbed while 
heating iron through the α - γ transition and then through the γ - δ transition [3].  Using 
these experiments, Luckemeyer-Hasse et al. demonstrated that the solubility of hydrogen 
is greater while the iron was in its FCC state (γ) compared to its BCC states (α and δ), 
Figure 2.10.  This result was then confirmed quantitatively by Sieverts et al. and 
generalized to be a function of crystal structure [61, 62].  Luckemeyer-Hasse associated 
this result with the fact, emphasized by Bragg and Wever, that FCC structures have larger 
central interstice than BCC crystals [3, 63, 64].  This concept was further emphasized by 
Sato who demonstrated the change in lattice spacing as a function of temperature, Figure 
2.11 [5].  The iron lattice spacing clearly increases while the sample is within the 
temperature range where the FCC phase is stable and allows for much greater hydrogen 
solubility.  In addition to discovering the effect of general crystal structure on hydrogen 
solubility, Luckemeyer-Hasse et al. also investigated the effects of a variety of alloying 
elements on hydrogen solubility including chromium and nickel.  Ternary Fe-Ni-Cr 
alloys were shown to demonstrate higher hydrogen solubility with temperature than Fe, 
but less then Ni, Figure 2.12 [3].  
 Since hydrogen solubility is affected by crystal structure, it is expected that 
crystal defects, which locally alter the crystal structure, should also affect the hydrogen  
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Figure 2.12 Solubility of hydrogen at standard pressure in chromium, iron, nickel and in two ternary 
Fe-Cr-Ni alloys [3, 4]. 
solubility.  This is indeed the case and has been termed “hydrogen trapping” due to the 
extremely high local concentrations of hydrogen they are capable of storing [9].  While 
there currently exists no universally accepted hydrogen embrittlement and cracking 
mechanism, an understanding of hydrogen solubility and trapping is important to 
virtually all of the currently proposed theories. This is due to the generally recognized 
common feature of all theories and experimental results that some critical concentration 
of hydrogen must be reached at potential crack sites to initiate failure.  The critical 
Figure 2.10 Solubility isobar of 
hydrogen in iron at 1 atm pressure [3, 
4]. 
Figure 2.11 Changes in lattice spacing of 
iron as a function of temperature [4, 5]. 
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concentration depends on several factors such as the nature of the potential crack site, 
that is itself a hydrogen trap, its shape, its location in the lattice; interface impurities; 
coherency; temperature and the state of stress at the site [65, 66].  Pressouyre developed a 
hydrogen trapping theory based on this concept and used it to explain several results in 
the literature as well as some of this own [65, 67, 68].  Hydrogen trapping within a lattice 
can be understood in terms of the probability a hydrogen atom has of jumping from one 
site in the lattice to another.  When trapping is involved, the local probabilities of a 
hydrogen atom jump are modified so that it is more probable a hydrogen atom will enter 
the local trapping region than it is for it to exit it.  There are two main reasons why, in a 
crystal lattice, jump probabilities should be modified.  The first reason is the existence of 
a force that pushes a hydrogen atom in a preferred direction, Figure 2.13a.  In this case 
the average jump height is the same between lattice sites, meaning the lattice is 
unmodified, but it is more probable, and thus easier, for an atom in site B to move to A 
rather than C.  Since it is easier to jump from left to right or from B to A the atom can be 
said to be attracted to A.  The second reason jump probabilities should be modified in a 
crystal lattice is if the lattice is distorted, Figure 2.13b.  In this case the average jump 
height is changing from site to site.  Based on the two reasons for modifying an atom 
jump probability, Pressouyre arbitrarily distinguished between two extreme types of traps 
including “attractive traps” and “physical traps” while traps with both characters were 
termed as “mixed traps” [69].   
Attractive traps, of dimension Di, are local regions within the lattice where 
hydrogen atoms are subjected to an attractive force, Figure 2.13c.   There are four basic 
types of attractive forces atoms can experience in a crystal lattice caused by electrical 
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fields, stress fields, temperature gradients, or the non-ideal part of a chemical potential 
gradient [70].  Hydrogen atoms are subject to influence by an electrical force because a 
hydrogen atom dissolves in transition metals by giving up its excess electron to the 
collective gas of the metal [71].  Thus any defect that introduces an electron vacancy will 
attract hydrogen, such as impurities from the left side of the periodic table.  An attractive 
force on a hydrogen atom can also be applied by a tensile stress field.  Such stress fields 
can be created through a variety of defects in metals such as dislocations, coherent, and 
semi-coherent precipitates and grain boundaries, crack tips, and so forth.  Additionally, 
force on a hydrogen atom can be applied from a thermal gradient because hydrogen 
solubility in metal is a function of temperature.  Finally, the last type of force is 
“thermodynamical” in nature.  For example, the activity coefficient of hydrogen in steel 
may be expressed as a function of solute concentrations using interaction coefficients,   
 .  
An attractive force between i and H will exist whenever   
  is negative [72].   Unlike 
attractive traps, physical traps are created as a result of modifications of the ideal crystal 
structure and create locations where it is energetically more favorable for hydrogen to 
occupy, Figure 2.13d.  As opposed to attractive traps, which attract hydrogen to the 
center of the trap, a diffusing hydrogen atom will randomly fall into a physical trap.  
Examples of such situations in metallic alloys include high angle grain boundaries, 
incoherent particle-matrix interfaces, voids, etc.  Needless to say, these descriptions of 
attractive and physical traps are idealized cases.  Virtually all defects will be of a “mixed” 
character, Figure 2.13e, but the attractive and physical terms can be used when one 
character dominates over the other.  When there is no dominate character the trap must be 
considered “mixed.”  A common example of such a mixed trap would be an edge  
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Figure 2.13 Schematic of energy steps necessary for the diffusion of a hydrogen atom through a  
metal lattice, in some particular cases: a) Existing attractive force (from left to right), b) distorted 
lattice, c) attractive trap, d) physical trap, and e) mixed trap [69]. 
dislocation which gains its attractive character from the mechanical force induced by its 
stress field, and its physical character from the tensile region of the dislocation core, 
where the lattice is distorted.  This conceptual framework for hydrogen trapping 
described by Pressouyre aligns nicely with the voluminous amount of experimentally-
based literature published on hydrogen trapping energies, which is summarized 
independently in part by both Pressouyre and Hirth [9, 69].     In general, hydrogen traps 
are termed “irreversible” if their binding energy is high, making it difficult for hydrogen 
to escape at low temperatures once trapped.  Arguably, one of the most beneficial aspects 
of Pressouyre’s classification system is in providing a conceptual understanding for the 
reversibility of a trap.  Comparing a purely attractive trap to a purely physical one, for 
example, it can be seen for the same trap depth, DT, it is easier for a hydrogen atom to 
escape an attractive trap than a physical one.  This is a consequence of the smaller, more 
probable jump increments needed to escape an attractive trap compared to a physical one.  
This reasoning is important when cracking kinetics are considered since irreversible traps 
will always act as sinks for hydrogen whereas reversible traps can act either as sinks or 
sources depending on various conditions [66, 68].  It should be noted, that one major 
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limitation considering the understanding of hydrogen trapping has been the inability to 
measure accurately the hydrogen density distribution surrounding a specific trap.  This is 
indeed important information if hydrogen-induced cracking is dependent on achieving a 
minimum local hydrogen concentration as current theory suggests.  It is possible that 
each trap must be considered to have multiple hydrogen binding energies in order to be 
correctly determined analytically.  Fortunately, exploratory studies using atom probe 
tomography are underway currently to identify the location of hydrogen [73].   
2.2.3 Hydrogen diffusion and transport in iron and nickel alloys 
 Similar to solubility, hydrogen diffusion through a metal lattice is also 
affected by both crystal structure and microstructure.  Geller et al. found the activation 
energy for hydrogen diffusion through austenite to be approximately three times greater 
than that of alpha iron [74].  This finding was then generalized by Kelemen using 
theoretical considerations of the possibility of an interstitial atom jumping into a new 
position within the crystal lattice.  Kelmen demonstrated that jumps in an FCC lattice 
must overcome a larger potential energy barrier than in a BCC lattice [75].  In addition to 
the difference of diffusion rates between crystal structures in general, diffusion rates are 
also expected to vary as a function of microstructure.  Permeation studies through steels 
of various microstructures have shown that martensitic structures, such as those often 
found in the heat affected zones of weldments, have significantly slower permeation rates 
than those of ferrite structures [76, 77].  While this generalization is true, it is important 
to realize that diffusion rates can even vary between similar types of microstructure as a 
result of differences between the specific amount and types of hydrogen traps present.    
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 Similar to solubility, hydrogen trapping plays an important role in understanding 
hydrogen kinetics in a metallic system.  Static hydrogen traps lower bulk diffusion 
coefficients, D, at and below temperatures where the traps within the microstructure 
become effective.  This is a consequence of hydrogen interacting with trapping defects in 
the alloy and then remaining localized around the trap defect as opposed to continuing to 
diffuse through the lattice.  An example of this can be seen by examining a summary of 
forty-six diffusion studies of hydrogen in iron, compiled by Volkl and Alefeld, Figure 
2.14 [78].  The drop in D values near room temperature is undoubtedly associated with 
trapping effects, although it should be noted that problems with surface entry of hydrogen 
can lead to errors.  Fortunately, diffusion of hydrogen in an alloy consisting of a single-
phase, substitutional solid solution of two or more elements can be treated in terms of a 
“trapping approximation.”  A phenomenological theory of this type of diffusion was 
formulated by McNabb and Foster [79].  They accomplished this by complementing 
Fick’s second law with terms characteristic of a chemical reaction to account for trapping 
effects: 
  
  
     (   )       
   
   
                                         (   ) 
                                 
Here k and p are trapping and detrapping rate constants respectively, n is the trap 
coverage by hydrogen, and NT is the concentration of trapping sites.  Unfortunately, 
analytical solutions to this equation exist only for some special cases [80], however it has 
been solved numerically [81].  This equation predicts a strong dependence of the 
effective diffusivity on the alloy composition, hydrogen concentration, and time during 
the initial transient period.  Only one case exists in which the system can be described by 
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a simple, constant diffusion coefficient: for small n and high rate constants.  In this 
scenario, D depends only on the equilibrium constant describing the formation of the 
hydrogen bearing complex, but as in other cases the D vs. T relation does not follow an 
Arrhenius relationship.   
 
Figure 2.14 Range of values for the diffusivity of H in iron as compiled by Vӧlkl and Alefeld [78]. 
In comparison to static traps, dislocations play a much more complicated role in 
hydrogen kinetics because they act as reversible traps and can be mobile.  Bastien and 
Azou were the first to suggest that because of these features, dislocations could transport 
hydrogen atmospheres at rates faster than lattice diffusion rates and deposit this hydrogen 
at internal voids as part of an argument explaining augmented failure as a result of 
internal pressure build-up [82].  Consistent with the idea of rapid hydrogen transport by 
dislocations, Frank then demonstrated that hydrogen evolution from iron was enhanced 
by deformation [83].  Donovan, provided strong confirmation of the Bastien-Azou 
suggestion by showing  not only that deformation increased the release rate of hydrogen 
from Armco iron by a factor of about four, but he also correlated the release rate with 
position on the stress-strain curve and thus with mobile dislocation density [84].  In 
addition to iron, hydrogen transport by trapping of mobile dislocations was also 
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demonstrated in nickel by measuring permeability while deforming and in AISI 304 L 
stainless steel by measuring tritium uptake while deforming [85, 86].  Louthan et al. used 
autoradiography to demonstrate that the tritium was localized to slip lines and that the 
effect was one of enhanced transport rather than enhanced surface entry by studying 
different surface finishes [86, 87].   
 Despite an understanding of the effects of trapping on hydrogen diffusion and 
mobile dislocations on hydrogen transport, a detailed quantitative analysis of the kinetics 
of the overall hydrogen transport process remains to be made.  The concepts for such an 
analysis, however, have been defined.  Tien et al. first presented the important concept 
that dislocation transport and trapping are competing processes [88, 89].  Pressouyre and 
Bernstein then expanded on this concept to include competition between weak and strong 
traps [67, 90].  These authors, however, have not considered leakage into the matrix, or 
dislocation annihilation effects.  Johnson and Hirth, on the other hand, considered 
dislocation annihilation, but did not consider trapping effects [91].  If the understanding 
of these effects are combined an overall qualitative picture can be reached, but as 
emphasized by Pressouyre, due to the reversible nature of a dislocations as hydrogen 
traps, dislocations can act as either hydrogen sinks or sources depending on the 
circumstances.  As such, two cases must be considered separately including the internal 
hydrogen embrittlement and external hydrogen embrittlement [65, 66].         
 For the first case of external hydrogen embrittlement, dislocations carry hydrogen 
from an external hydrogen rich environment into an essentially hydrogen free matrix.  
The initial dislocations will act as moving line sources for hydrogen draining into the 
matrix and into weak traps.  Any remaining hydrogen will be expelled upon encountering 
37 
 
deep (irreversible) traps or upon annihilating.  As this processes, the hydrogen 
concentration will increase in the matrix and weak traps as dynamic equilibrium with the 
moving dislocations is reached.  Dislocations will continue to carry more hydrogen to 
deep traps and annihilation sites.  As traps near the surface become saturated, new 
dislocations will be able to transport hydrogen from the surface further into the 
deforming metal.  Consequently, both the penetration depth of hydrogen and the rate of 
arrival at those deep trap sites which are potential crack nuclei will be decreased with an 
increasing density of weak traps, with an increasing density of benign deep traps, and 
with a decrease in dislocation mobility caused by strain hardening or other factors [67]. 
 The second case which must be considered is internal hydrogen embrittlement 
[67].  In this case, such as for a precharged specimen, dislocations act as a fast hydrogen 
transport mechanism between trap sites.  Dislocations can acquire hydrogen from weak 
traps, including the matrix, and transport it either to deep trap sites which are potential 
crack sites or until they annihilate, which can occur near the crack site.  Unlike in the 
external hydrogen embrittlement case, dislocations would not be expected to lose 
hydrogen to deep trap sites since they would already be saturated.  It should be noted that 
dislocation annihilation could produce a small local increase in hydrogen supersaturation 
which could cause crack nucleation.  Thus, unlike the external hydrogen embrittlement 
case, the presence of both weak and strong traps would be detrimental for this case 
because the weak traps supply hydrogen and the strong traps provide crack nucleation 
sites.                   
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2.2.4 Hydrogen embrittlement mechanisms 
 Despite well over one hundred years of research, the basic mechanisms 
controlling mechanical property degradations in metals are still not well understood [42].  
Many mechanisms have been proposed, but no single mechanism is currently capable of 
explaining all experimental observations.  Hydrogen embrittlement can, however, be 
explained in general through a combination of proposed mechanisms including hydrogen-
induced phase transformations, hydrogen-enhanced plasticity and hydrogen-induced 
decohesion.  With the exception of hydrogen-induced phase transformations, it remains 
unclear as to how to determine which mechanism dominates under particular conditions 
or when they must be considered in a synergistic manner, although a distinct transition 
from the  hydrogen-enhanced plasticity mechanism to the hydrogen-induced decohesion 
mechanism has been demonstrated in a few systems with increasing hydrogen 
concentration [92].  
Hydrogen-Induced phase transformations: 
 Of the proposed mechanisms for hydrogen embrittlement, hydrogen-induced 
phase transformations are perhaps the least controversial, but only apply to select 
systems.  Westlake was the first to propose a generalized model for hydrogen 
embrittlement based on the premise that the reduction in ductility of a metal-hydrogen 
alloy can be attributed to a hydrogen-rich phase precipitated in the stress field ahead of a 
crack tip [93].  Under the application of stress the chemical potential of hydrogen is 
decreased at stress concentrators, such as notches, crack tips or dislocation pileups 
resulting in a hydrogen flux towards these defects. This localized hydrogen concentration 
can also be supplemented by trapping and transport kinetics drawing hydrogen from the 
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free surfaces of the crack plane.  The ensuing hydrogen flux into such local regions can 
result in the formation of brittle hydrogen-induced phase, such as a hydride. The flux of 
hydrogen to the crack tip, in combination with the stress field at the crack tip, establishes 
conditions in which the hydrides are thermodynamically stable.  As a consequence of the 
high stress intensity in front of the crack tip and limited dislocation mobility in the brittle 
phase, the crack can propagate quickly through the brittle phase with reduced fracture 
energy compared to the surrounding matrix until the hydride is completely fractured.  
Crack propagation is then halted, until a new hydride field is established and the process 
can repeat.   
Hydrides can form in group Vb, Ti and Zr metals and alloys due to the low 
hydrogen solubility [94-99].  Metastable hydrides can also form in other systems, such as 
Ni, under extreme conditions such as high pressure hydrogen gas (10,000 atm. or greater) 
or during cathodic charging procedures when high over-potentials are used [100].  In 
addition to the general hydrogen embrittlement model from hydrogen-induced phase 
changes presented by Westlake, Latanision et al. demonstrated in Ni that decomposition 
of the hydride phase results in the formation of microcracks on the {100} 
crystallographic planes even without a propagating crack [101].  These surfaces are 
similar to fracture surfaces of metals known to be embrittled by hydride phases such as 
Nb and Ti [102].  Wayman et al. established, however, that the stability of hydrides in 
nickel could be further reduced through the addition of iron in solid solution [103].  
Westlake’s embrittlement model can be applied to the particular case of stable and 
unstable austenitic stainless steels despite stable hydride phases not being generally 
observed in these systems.  The model is applicable in this case because hydrogen can 
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encourage the formation of brittle phases such as martensites and “pseudohydrides” in 
place of hydrides [104-106].  
 When kinetics are considered, it becomes clear that this hydrogen embrittlement 
mechanism is only applicable over a limited temperature and strain range.  At high 
temperature hydrides are thermodynamically unstable.  At low temperature or high strain 
rate, the rate of hydrogen diffusion and hydride formation are too low to allow the 
formation of hydrides to occur.  Thus, it is only in intermediate temperature ranges and 
slow strain rates that both the thermodynamic and kinetic conditions are favorable for this 
mechanism.  The range of temperatures over which this mechanism applies depends on 
the material, the hydrogen concentration, the strain rate and the crack propagation rate. 
Hydrogen-enhanced local plasticity: 
 Unlike the hydrogen-induced phase transformation embrittlement mechanism, the 
hydrogen-enhanced local plasticity (HELP) mechanism considers the effects of hydrogen 
on dislocation mobility and thus is more general and potentially applies to all metallic 
systems.  The HELP mechanism makes the counter-intuitive argument that the hydrogen 
embrittlement and failure mechanism is a consequence of highly localized plasticity 
which acts to limit the macroscopic ductility.  For a detailed review and discussion of this 
model see the review by Birnbaum and Sofronis [107].   
Beachem was the first to propose this model based on careful fractographic 
studies of 1020 steel which he demonstrated had a decreased torsional flow stress in the 
presence of hydrogen and generated significant degrees of plasticity on flat, “brittle” 
surfaces.  Based on these observations, several authors supported and expanded the idea 
of hydrogen enhanced plasticity mechanisms although the two most significant theories 
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were produced separately by Lynch et al. [108, 109] and Birnbaum et al.  [110-114].  
Lynch compared the effects seen by hydrogen embrittlement to those seen by liquid 
metal embrittlement and suggested that the hydrogen embrittlement was an absorption 
(surface) effect.  This theory then suggests that the major consequence of hydrogen 
absorption is to facilitate the injection of dislocation from crack tips, thereby promoting 
the coalescence of cracks with voids ahead of them.  Birnbaum et al., while in agreement 
with Lynch about the increase in crack tip plasticity, consider the effects of hydrogen 
embrittlement to occur within the volume of the material as well as the surface through a 
proposed hydrogen shielding model [107].   
Direct observations of the effects of hydrogen on dislocation mobility were 
obtained by performing in-situ deformation experiments in a transmission electron 
microscope with an environmental cell.  Hydrogen was observed to increase the velocity 
of dislocations and modify how they interacted with other obstacles.  The motion of 
stressed, but stationary dislocations were shown to start and stop with the introduction 
and removal of hydrogen gas [115].  Similarly, plastic deformation mechanisms ahead of 
a stressed, but stationary crack tip could be started or accelerated by the addition of 
hydrogen.  This behavior was observed for edge, screw and mixed dislocations and for 
isolated dislocations as well as dislocation tangles.  Perhaps the most significant finding 
of these experiments was that this effect was demonstrated to hold true in BCC, FCC, and 
HCP metals having various solute contents and for solid solutions, precipitation 
strengthened alloys, and intermetallics therefore making the effect appear to be universal 
for all metallic systems [116-122].  Criticism of these experiments has been that the 
images forces which result as a consequence of the close proximity of the free surfaces 
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may influence the dislocation dynamics.  However, evidence from tests on bulk 
specimens supporting this enhancement also exists [44, 114, 116, 117, 120, 123, 124].  
Sirois and Birnbaum have also determined that hydrogen decreases the activation 
enthalpy and activation area for dislocation motion, thereby increasing dislocation motion 
[114]. 
As discussed in Sections 2.2.2 and 2.2.3, it is well known that hydrogen 
segregates to dislocation strain fields and can be transported by dislocations.  Birnbaum 
et al. considered the effects of such hydrogen atmospheres on the elastic interactions of 
such defects [107].  The interactions of the dislocation and its hydrogen atmosphere with 
elastic obstacles, such as the strain fields of other dislocations and point defects such as 
carbon or nitrogen interstitials, are reduced resulting in a “hydrogen shielding” effect.  
The consequence of this “hydrogen shielding” is thus to modify the effective mobility of 
dislocations by reducing the elastic interaction between dislocations and short-range 
barriers.  In order to effectively shield the elastic interactions, however, the mobility of 
the hydrogen atmosphere must be comparable to that of the dislocation.  As such this 
mechanism is only expected to be viable within a specific strain-rate and temperature 
range, Figure 2.15.  At high temperatures, defined as kT > EB where k is Boltzman’s 
constant, T is temperature and EB is the binding enthalpy, the hydrogen atmosphere 
cannot form and thus no effect of hydrogen on the deformation behavior is observed.  At 
intermediate strain rates and temperatures the hydrogen atmosphere may either have a 
hardening or a softening effect.  At intermediate strain rates and temperatures the 
hydrogen atmosphere can move with the dislocation.  At the lower end of this window,  
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Figure 2.15  Schematic of the effect of temperature and strain rate on the hydrogen shielding of 
dislocations with applicable ranges indicated for iron and nickel [107]. 
where the strain rate is high and the temperature is low, the hydrogen atmosphere will not 
have enough mobility to keep up with the dislocation and will exert a drag force on the 
dislocation resulting in an increase in yield stress and a hardening effect.  Near the upper 
end of this window, however, where strain rates are low and temperature is higher 
(EB/kT>1), the hydrogen atmosphere can diffuse with the dislocation and shield it from 
barriers.  At very high strain rates or low temperatures, however, the dislocations can 
break away from the hydrogen atmospheres resulting in small yield points and serrated 
yielding.  Thus consistent with observations of the effects of hydrogen on mechanical 
properties in general, the HELP mechanism only operates under a specific range of 
temperature and strain rate.  This limited operating range may also provide some 
explanation as to how the dominant embrittlement mechanism may change within a given 
material.  For example, the HELP fracture mechanism has been observed in hydride 
forming systems, namely α-Ti alloy [99].  Stress induced hydrides form near the crack 
tips in these alloys and cleave at low fracture energy consistent with the previously 
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described hydrogen-induced phase transformation mechanism with slow strain rates at 
room temperature.  As the strain rate is increased, however, hydrogen-induced localized 
plasticity occurs before the hydride formation and cleavage.  The kinetics of each 
mechanism are likely only one of the variables which should be considered when a 
dominate mechanism is to be determined.                        
Hydrogen-enhanced Decohesion:     
 Despite a lack of direct experimental evidence, the Hydrogen-enhanced 
Decohesion model is currently one of the most widely accepted models of hydrogen 
embrittlement.  The model was first proposed by Steigerwald, Schaller, and Troiano 
[125] and later modified by Oriani and Josephic [126, 127].   The decohesion model is 
based on the premise that the hydrogen-assisted degradation of the properties of a 
material is attributed to a decrease in the atomic bond strength as a consequence of an 
electronic interaction with the host lattice.  Thus, similar to the HELP mechanism, the 
decohesion model is general and can be applied to all metals.  The reduction in cohesive 
strength relative to the hydrogen concentration is assumed to be linear although a critical 
concentration of hydrogen may need to be attained before any degradation is noticeable.  
A reduction in the cohesive strength of the atoms should reduce the Peierls barrier, 
resulting in a decrease in the yield stress, the elastic constants and the fracture resistance 
of transition metals.  This would be most significant for materials with larger Peierls 
barriers, such as BCC crystals.  The resulting fracture should be cleavage in nature, 
which occurs when the applied stress exceeds the cohesive stress, which has been 
reduced by hydrogen.  The result is a reduction in fracture stress which in turn decreases 
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the stress field in front of the crack tip and the plastic deformation that accompanies the 
fracture.      
 The reduction in atomic bond strength due to hydrogen has not been measured 
directly, but rather is supported by computer simulations using the embedded-atom 
method to show a reduction in the electron density between metal atoms due to the 
presence of hydrogen [128].  The major shortcomings of this model include the lack of 
direct evidence for weakening of the bond energy in the presence of small concentrations 
of hydrogen [126, 129] and the lack of mechanisms by which this model can continue to 
operate during active crack propagation.  Numerous arguments have been made that 
embrittlement by this model would still be possible at low global hydrogen 
concentrations due to high local hydrogen concentrations that form in front of the crack 
tip due to stress concentrations and dislocation structures as described in Section 2.2.2.  
Classical continuum mechanics approaches have been used to demonstrate crack tip 
stress enhancements between three- and five-times the yield strength, but these 
enhancement factors are small compared to calculations which consider the dislocation 
density created from work hardening in the plastic zone ahead of the crack tip.  Chen et 
al., for example, demonstrated a stress enhancement factor of up to 45 times the yield 
strength a few tens of nanometers ahead of the crack tip by using a discretized dislocation 
model in which the near crack-tip structure was represented by a dislocation array and the 
plastic zone by a super dislocation [130].  When statistically stored and geometrically 
necessary dislocations are also considered enhancement factors of up to 100 can be 
calculated where the stress continues to increase as the crack tip is approached [131].  
Although the magnitude of some of these results are debatable, certainly if such large 
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stress enhancements exist, local hydrogen concentrations could be increased to the point 
where significant reductions in the cohesive stress could be realized near the crack tip 
under equilibrium conditions.  The problem, however, is to determine how such a high 
hydrogen equilibrium concentration could be maintained ahead of a rapidly propagating 
brittle crack.  Although the dechoesion model cannot yet adequately crack propagation, it 
can be used to explain hydrogen-enhanced failure of interfaces.  The theory of 
dechoesion has thus been used to explain some observed transitions in fracture mode 
from transgranular to intergranular through weakening of the grain boundaries where 
hydrogen is expected to be trapped in high local concentrations [132].  Similar arguments 
have also been made to explain hydrogen-enhanced void nucleation at carbide-matrix 
interfaces [133].            
2.3 Dissimilar metal Fe-Ni weldments for subsea manifold applications 
 Relatively little research had been published on either the microstructure or 
mechanical properties of AISI 8630-IN 625 or F22-IN 625 interfaces when the research 
presented in this document was begun, but since then there have been several other 
studies, some of which were conducted in collaboration with the work presented herein.  
The increased interest stems from a recent series of failures at multiple offshore platforms 
in different parts of the world.  A number of proprietary reports were published 
investigating the failure of AISI 8630-IN 725 dissimilar butter interfaces in the North Sea 
[134-139] followed by a few reports investigating the failure of AISI 8630-IN 625 
dissimilar butter weld interfaces also in the North Sea [14, 140]. More recently a number 
of similar failures have occurred in the Gulf of Mexico.  These failures have raised 
concerns as to the susceptibility of F22-IN 625 dissimilar metal butter-weld interfaces to 
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similar forms of hydrogen-enhanced failure [141].  The failure occurred during extended 
hydro-testing after installation on the ocean floor.  These catastrophic failures were 
disconcerting due to their critical nature and potential safety and environmental 
repercussions should they have failed during service.  Perhaps most disturbing was the 
fact that all of the failed welds had passed all of the required mechanical tests prior to 
installation and the subsequent investigations were not able to distinguish any differences 
between the failed welds and welds of this type which had been operating properly in-
service for several years.  Neither the exact fracture initiation site nor the precise growth 
mechanism was determined, although it has been posited that hydrogen was an 
aggregating factor, despite disagreement as to its source.       
2.3.1 Microstructure and fracture 
Characterization studies of the weldment between AISI 8630 and IN 625/IN 725 
have shown that while the expected tempered martensitic structure exists mostly in the 
HAZ adjacent to the fusion line, PWHT can create decarburized regions on the iron side 
of the weld interface resulting in the formation of regions of coarse-grained ferrite [14, 
142, 143].  Using TEM Olden et al. [143] showed that a 200 nm-wide region of plate 
martensite existed immediately next to the fusion line  within a 10-20 μm planar 
solidification region.  This latter region has been referred to as either the “white etching 
zone” or the “featureless zone” due to its apparent lack of microstructural complexity 
[142-144].  Use of this nomenclature should be discontinued as it will be shown herein 
that on examination at higher spatial resolution the region contains a complex 
microstructure which plays a critical role in determining the susceptibility to hydrogen 
embrittlement.  Consequently, this critical region will be referred to as the “planar 
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solidification region” throughout the remainder of this text.  Further into the nickel-weld 
metal exists a dendritic structure with carbides decorating the dendrite boundaries. 
      The failure of these dissimilar metal weld interfaces produces a unique 
combination of alternating fracture morphologies between regions of flat “featureless” 
morphology to a terraced “cleavage-like” morphology.  What was perhaps most 
perplexing is that the “cleavage-like” fracture appeared to be through a nickel-rich region 
[12, 14, 142].  This is unexpected as face centered cubic (FCC) crystals, such as Ni, have 
no known cleavage planes [145].  Beaugrand et al. [142] used a series of slow strain rate 
and dwell-load three-point bend specimens with and without cathodic charging in an 
attempt to reproduce the fracture conditions in the laboratory and demonstrated that the 
“cleavage-like” fracture morphology only occurred under cathodic charging conditions.  
This suggests that this fracture morphology was directly associated with hydrogen 
embrittlement.  Beaugrand et al. [94] used acoustic emission to monitor the fracture of 
three-point bend specimens in an attempt to determine the initiating site, but found no 
strong preference for fracture initiating at either fracture morphology. 
2.3.2 Hydrogen measurements and mechanical properties 
 Lange et al. [14] attempted to measure localized hydrogen content relative to the 
weld cross-section by performing hydrogen melt extraction on three-millimeter sections 
up to and across the weld interface.  While the size of these sections are too large to 
accurately represent the hydrogen concentration of the variety of microstructures up to 
and across the weld interface, Lange et al. [14] did find that the hydrogen concentration 
increased as the weld fusion line was approached.  Similarly, Olden et al. [143] 
preformed hydrogen melt extraction on 0.5 mm sections of nickel-side fracture faces of 
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Charpy V-Notch specimens in various PWHT conditions.  Hydrogen levels were shown 
to generally increase with increasing PWHT temperature, Table 2.1.  Lange et al. [14] 
claimed that the source of hydrogen was from the welding process based on comparisons 
between the hydrogen content of cathodically charged and non-cathodically charged 
weldments as well as the hydrogen content of unused Inconel welding rods.  As discussed 
in Section 2.2.1, however, the amount of hydrogen introduced by the welding procedure 
depends on more than just the initial hydrogen content in the welding rods and it is 
unclear how Lange et al. [14] accounted for the expected loss of the initial hydrogen 
content during the PWHT.  However, several other investigators have clearly 
demonstrated a degradation of mechanical properties by hydrogen introduced via 
cathodic charging which shows this to be an important source of hydrogen [13, 142, 143]. 
 
 
 
 
Table 2.1  Results from hydrogen measurements as a function of PWHT [143]. 
 Although micro-hardness indents are too large to correctly sample the small 
regions of rapidly varying microstructure near the fusion line, several investigators have 
measured microhardness values across the weld interface and demonstrated that a 
hardness peak exists on the nickel-side of the weld interface near the fusion line [14, 142, 
143].  Olden et al. [143] demonstrated that this hardness peak increased with increasing 
PWHT temperature, Figure 2.16, although no correlation with microstructural difference 
have been presented.    The toughness, on the other hand, was weakly dependent on 
PWHT temperature, increasing slightly and then decreasing as the temperature increased 
 As Welded 
(ppm) 
640°C 
(ppm) 
690°C 
(ppm) 
IN 625 4.29 
4.24 
6.95 
3.99 
15.60 
IN 725 6.89 
8.34 
14.32 15.10 
18.70 
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from 913 K to 963 K [143].  Beaugrand et al. [142] reported that a bulk hydrogen 
concentration of 8 ppm resulted in a decrease in the stress intensity factor under cathodic 
protection from 74 MPam
0.5 
to 55 MPam
0.5
 and the toughness was reduced by about 25%.   
 
 
Figure 2.16 Microhardness profiles across AISI 8630-IN 725 buttered weld interfaces.  Adapted from 
[143]. 
Hukle et al., Beaugrand et al. and Gittos et al. independently developed crack growth 
resistance curves using single-end notched bend tests in attempts to determine the relative 
susceptibility of various weld chemistries to hydrogen embrittlement [12, 13, 94].  
Specimens were precharged and charged during testing in simulated seawater using 
polarization potentials consistent with those used in-service.  Notches through the 
interface were created using electro-discharge machining due to the inability to propagate 
a fatigue crack along the dissimilar metal interface.  Specimens were loaded using either 
slow strain rates or a dwell-loading procedure.  The detailed results from these tests have 
not been approved for general release.  The trends are presented in Figure 2.17 so that 
they may be compared to microstructural and fracture features presented herein.  Note 
that a rising curve corresponds to ductile behavior wherein additional energy is constantly 
required to propagate the crack while a flat part of the curve indicates brittle behavior 
wherein a crack propagates uninhibited.  As illustrated in Figure 2.17, the AISI 8630-IN 
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625 and AISI 4130-IN 625 weld interfaces exhibited the worst, and most similar, 
performance.  The F22-IN 625 interface performed better than the AISI 8630-IN 625 
interface, but not as well as the low alloy steel (LAS) butter interface.  It should also be 
noted that the F22V-IN 625 interface, which contains a F22 base metal with additional 
vanadium, performed exceptionally well despite not being a field-weldable alloy. 
 The inexplicable and unexpected mechanical performance and failure of these 
dissimilar metal weld interfaces indicates a lack of fundamental understanding of not 
only the expectedly complex microstructure along the dissimilar metal interface, but also 
an understanding of how the mechanical properties of such a microstructure are affected 
by a hydrogen environment.  Thus in this document the structural and compositional 
differences will be investigated and compared between AISI 8630-IN 625, F22-IN 625 
and F22-LAS (low alloy carbon steel) interfaces to ascertain why certain interfaces 
demonstrate susceptibility to hydrogen embrittlement under some conditions.  This 
knowledge will be applied to explain the fracture surface morphologies present in 
hydrogen embrittled AISI 8630-IN 625 interfaces and correlated to mechanical property 
trends. 
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Figure 2.17 Representative data from slow strain rate and dwell loaded cathodically charged single-
edge notched three-point bend specimens demonstrating relative susceptibility to hydrogen 
embrittlement [12, 13, 94].                 
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CHAPTER 3 
EXERIMENTAL METHODS 
3.1 Preparation and examination of weld microstructure 
3.1.1 Dissimilar metal weld cross section creation 
 F22-IN 625, AISI 8630-IN 625 and F22-LAS butter welds were generated using a 
hot-wire gas tungsten arc-welding process with pre-heats between 177-288°C, 204-
316°C, and 177-288°C, respectively by Acute Technological Services.  The specific 
welding conditions were chosen for each alloy combination to replicate those used in 
industry. Because it is virtually impossible to reproduce the exact welding conditions 
from one weld to the next, the welding conditions were replicated as close as possible for 
each weld and exact details were recorded throughout the welding process, as outlined in 
Appendix A.  Heat input rates were determined by monitoring power output from the 
power supply of the welding equipment with respect to the electric arc travel speed along 
the work piece.   
Following the butter welding procedure, the welds underwent a variety of PWHT, 
also specified in Appendix A, to simulate over-treated, under-treated and in-service 
PWHT conditions.  Welds with F22-base metal were heat treated at a temperature of 
649°C while welds with AISI 8630-base metal were heat treated at a temperature of 
691°C for 5, 10 and 15 hours each. The difference in the PWHT temperatures between 
the two systems reflects industry code requirements for controlling hardness in the heat 
affected zone.     
After PWHT, the F22-IN 625 and F22-LAS butter welds were beveled and 
underwent a closure weld to an X70 pipeline steel in order to reproduce the complete 
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weld detail used in industry. The root and hot passes were completed using a manual gas 
tungsten arc welding procedure while the remaining fill passes were completed with a 
shielded metal arc welding procedure the details of which are tabulated in Appendix A. 
3.1.2 Optical, SEM and SIMS sample preparation and examination 
 Weld cross-sections were prepared for optical, scanning electron microscope 
(SEM), and secondary ion mass spectroscopy examination in identical fashions using 
standard grinding and polishing techniques.  Samples were first ground on wet Si-C paper 
using progressively finer grits including 240, 320 and 400 grits.  Samples were ground 
with each grit Si-C paper until all scratch marks were parallel and then they were rotated 
90° and the procedure repeated.  This ensured that each grit paper removed an entire even 
layer of material.  Next the specimens were polished in a circular fashion using alumina 
powder solutions in de-ionized water starting with a 3.0 μm powder followed by a 0.3 μm 
powder.  Polishing was continued until scratch marks from the previous procedure were 
removed.  Samples were rinsed with de-ionized water and methanol between each stage 
of grinding or polishing so as to remove any debris.  At this point samples could be 
examined in the un-etched condition.  Following this examination the samples were 
etched with a 2% Nital solution (Nitric acid and methanol) to reveal the underlying 
microstructure by spraying the solution on the surface of interest.  Once the desired level 
of etching was reached the reaction was stopped by rinsing the sample with copious 
amounts of water followed by methanol and then dried with a gaseous stream of nitrogen.      
The weld cross-section samples were examined using reflective optical 
microscopy with upright Zeiss Jenavert, Carl Zeiss, and Mitutoyo microscopes.  In 
addition to capturing single high magnification images of specific interest, photo 
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montages were created by capturing several partially overlapping regions at the same 
magnification.  These images were then reconstructed into a single image in Adobe 
Photoshop using the advanced blending techniques of Adobe’s Photomerge tool in 
combination with minor alignment and contrast corrections done manually.  Using this 
technique high resolution images were created from relatively large areas.   
In order to determine the relative length of discontinuous regions along the 
interfaces, photo-montages of the entire polished weld cross-sections were made at 100x 
magnification with individual image resolutions of 640x480 pixels for each weld 
composition and PWHT condition.  Once the montages were reconstructed, the interface 
was traced in Adobe Photoshop with a colored brush with an 8 pixel radius.  The 
perimeter of the colored line was then calculated.  The length of the interface in pixels 
was determined by subtracting 16 pixels from the perimeter, to account for the size of 
brush used, and the remainder was divided by two.  The length of the discontinuous 
regions was determined using the same technique.  In areas where the discontinuous zone 
width was wider than the brush size used, only the interface between the discontinuous 
region and weld metal was traced.  Length ratios were calculated directly from the pixel 
measurements. Lengths were calculated in terms of microns by imaging an object of 
known size to determine the pixel-micron ratio.                
Scanning electron microscopy examination used a combination of the following 
instruments: JEOL 6060LV, JEOL 7000F and JEOL 6460LV.  Both secondary and 
backscattered electrons were used for imaging.  Specimens were examined in both the 
etched and un-etched conditions.  While in the SEM, the composition of local regions 
was determined using standard-less energy dispersive x-ray spectroscopy (EDS).  
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Quantitative compositional line-scans were determined through EDS by moving a 
focused electron beam to discrete points along the line of interest.  The points were 
spaced a distance of 1 μm apart for most line scans, but spacing was increased to 3-5 μm 
as needed to accommodate instrument time constraints when larger regions were 
sampled, as will be indicated where necessary.  Qualitative compositional maps were also 
created via EDS by allowing the electron beam to raster over a desired region and then 
displaying local x-ray intensity for each element of interest.     
Samples in the unetched condition were also examined using scanning secondary 
ion mass spectrometry (SIMS) in order to determine the location and relative 
concentration of carbon in the F22-IN 625 and AISI 8630-IN 625 specimens in the 10 
hour PWHT condition using a Cameca NanoSIMS 50 instrument.   Images were created 
by mapping the locations of atoms removed from the surface with 12 atomic mass units 
(carbon) and 24 atomic mass units (carbon-carbon) separately.   
3.1.3 TEM sample preparation and examination 
 TEM specimens were created from the dissimilar metal weld interfaces using two 
techniques.  The first technique used the Gatan PIPS (precision ion polishing system).  A 
slice approximately 0.5 mm thick was cut off of the face of the weld cross-section using 
EDM (electro discharge machining) and then ground and polished down to a thickness of 
50 μm.  The slice was adhered to a metal block to allow for easy handling during the 
grinding and polishing procedures and to prevent bending.  Grinding was accomplished 
by using progressively finer grits of wet Si-C paper, as discussed in Section 3.1.2 while a 
5 μm diamond paste was used for final polishing.  Three millimeter discs were then 
punched from the metal sheet with the discs centered on the weld interface and lightly 
57 
 
etched with 2% Nital to reveal the weld interface.  The discs were then preferentially 
dimpled on the nickel side of the interface by slowly rotating a felt-padded wheel with 5 
μm diamond paste to various dimple depths.  The preferential dimpling creates a wedge 
profile across the weld interface, which compensates for the different rates of ion milling.  
Once the proper wedge geometry is created via this offset dimpling technique, the thicker 
Fe side, which ion-mills at the higher rate, and the thinner Ni side will be perforated at 
approximately the same time.  This is imperative to creating an electron transparent 
region across the weld interface.  The ion milling was completed using a Gatan PIPS 
system.  Two ion beams were used, one above the sample and one below, each at 4.3 kV 
while the sample rotated 360°.  The beams were initially inclined 8° to the sample surface 
until a hole was created.  The beams were then lowered to a 2° inclination for final 
milling or to grow the hole from the Ni side to the Fe side of the interface if possible.  
Holes that were generated on the Fe side of the interface initially never extended across 
the interface.  The areas immediately adjacent to the hole edge were electron transparent.  
This provided two potential viewing areas per sample where the hole crossed the 
interface, Figure 3.1.   
 
Figure 3.1 A 3 mm diameter PIPS TEM specimen showing the hole crossing the weld interface and 
the examined region at their intersection. 
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 While the PIPS technique generally produced the highest quality TEM specimens, 
it is limited in the fact that specific regions across the weld interface could not easily be 
selected.  Consequently, a focused ion beam (FIB) liftout technique was used to make 
TEM specimens from the discontinuous regions of interest.  After a region of interest was 
located on a lightly etched specimen, Figure 3.2a, a FEI Dual Beam 235 FIB was used to 
deposit on the surface a strip with approximant dimensions of 30 μm x 4 μm x 1 μm.  
This served to protect the region from subsequent milling damage, Figure 3.2b.  The 
length of the deposited strip was varied as needed to accommodate the size of the region 
of interest.  Next, a focused ion beam was used to mill trenches on either side of the 
deposited strip leaving a thin film cross-section approximately 1 μm-thick, Figure 3.2c-d.  
A “U” shaped cut was made through the cross-section around its perimeter in order to 
partially release it from the bulk, Figure 3.2e.  Next, an Omni-probe needle was inserted 
and attached to the top of the film via Pt deposition, Figure 3.2f.  The sample was then 
completely released from the bulk material and transferred to a Cu grid using the attached 
Omni-probe needle, Figure 3.2g.  Once positioned properly to the Cu grid, the sample 
was fixed in place by depositing Pt over the corners of the specimen and the Cu grid and 
the Omni-probe needle was milled off of the film using the ion beam.  Finally, the center 
region of the sample was thinned to electron transparency by milling each side of the 
sample with the ion beam at 1.2° relative to the surface normal. 
 TEM specimens were examined using JEOL 2010 LaB6, JEOL 2010F, Philips 
CM12 and Philips CM20 instruments all operating at their maximum accelerating 
voltages.  Imaging was performed using diffraction contrast imaging modes.  
Crystallographic orientations were determined via electron diffraction patterns from 
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regions isolated by a select area diffraction (SAD) aperture.  Specimens were examined 
along specific crystallographic directions by orienting the sample with double-tilt TEM 
stages while monitoring the corresponding diffraction patterns.  Specific diffraction based 
imaging conditions, such as a two beam condition, were achieved in a similar manner, by 
controlling specimen orientation relative to the beam direction, when imaging of defects 
was required.  The structure of regions selected by the SAD aperture were determined by 
comparing electron diffraction patterns to calculated ones.  This procedure was 
performed from a variety of crystallographic orientations as required.  Composition was 
determined from local regions via EDS by tilting the specimen 12-20° towards the 
detector and focusing the electron beam to a point using small spot sizes.  The amount of 
beam focusing and the spot sizes used were varied to accommodate the size of the region 
being examined.     
 
Figure 3.2 FIB lift-out procedure a) locating the interface b) depositing Pt across the interface c) 
trenching d) creating a thin section e) precutting the thin section f) welding the needle onto the 
section for lift-out g) welding the section to a Cu TEM grid h) thinning the section to electron 
transparency.   
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3.1.4 Heat treatment sample preparation and examination 
 The effect of progressive PWHT on the interface chemistry was investigated via 
EDS line-scans in the SEM over identical regions between heat treatment sessions. F22-
IN 625 and AISI 8630-IN 625 samples in the 5 hour PWHT state were prepared in the 
etched condition in order to reveal interface microstructure as described in Section 3.1.2. 
Microhardness indents were made on either side of the dissimilar metal interface across a 
variety of locations including both regions of partial and full mixing, Figure 3.3.  These 
indents served as markers between which EDS line-scans were performed, allowing 
identical regions to be consistently sampled between successive heat treatments.  The 
line-scans were performed in an identical manner as described in Section 3.1.2.  After 
line-scans in the 5 hour PWHT condition were complete, samples of both weld 
chemistries were heat treated to the 10 hour and 15 hour conditions in an argon 
atmosphere at the appropriate temperature: 649°C for the F22-IN 625 and 663°C for the 
AISI 8630-IN 625.  Temperature ramp and cooling rates were consistent with those 
described in Appendix A.  The samples were carefully re-polished with a diamond paste 
for examination in the SEM between incremental PWHT sessions.  The depth of the 
material removed left the microhardness indents visible.  
 
Figure 3.3 Microhardness indents on either side of the weld interface used for consistently locating 
EDS line scans between PWHT procedures across a) regions with complete mixing and b) regions 
with partial mixing. 
61 
 
3.2 Preparation and examination of fracture morphology 
3.2.1 Fracture specimen generation 
 Fracture specimens were generated for the AISI 8630-IN 625 butter weld 
interfaces from slow strain-rate cathodically-charged single-edge notched bend 
specimens, Figure 3.4; these tests were performed in collaboration with Gittos et al. and 
Beaugrand et al. [12, 94].  The bend specimens were 12 mm-square by about 200 mm-
long.  Following machining, the specimens were etched in Nital to reveal the fusion line 
between the steel base metal and the nickel alloy butter weld metal to facilitate marking 
of the sample for notch location.  Six millimeter deep notches were created via electro-
discharge machining using a 0.25 mm-diameter wire, as opposed to the more traditional 
fatigue crack, to ensure the notch remained centered on the dissimilar metal interface.  
Examination of an untested specimen cross-section via optical microscopy revealed a 
notch tip diameter of 0.35 mm.  Specimens were soaked in artificial seawater under 
cathodic protection at 1100 mVSCE for a minimum of 48 hours before testing.  Tests were 
carried out in three-point bending at a slow testing rate corresponding to a crosshead 
displacement rate of 5x10
-6
mms
-1 
in seawater under cathodic protection.  The specimens 
were instrumented with a pair of clip gauges mounted on knife edges at the notch mouth.  
The knife edges were mounted on steel shims that were attached to the specimen at the 
notch mouth by small laser or micro TIG (tungsten inert gas) fillet welds.  This was done 
so that crack growth resistance curves could be generated, the results of which are 
represented partially in Figure 2.17. 
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Figure 3.4 A three point bend specimen demonstrating the loading condition and notch position 
relative to the weld interface. 
3.2.2 Optical and SEM sample preparation and examination 
 Optical images of both the Fe side and Ni side of the fracture specimens were 
recorded with a Nikon D70 DSLR camera using a Nikor 60 mm/f2.8 macro lens.  An 
even diffuse illumination was achieved by firing a Nikon SB-600 flash slightly elevated, 
but in plane with the fracture surface towards the top right corner of the specimen 
through a cylindrical light tent made from white printer paper, Figure 3.5.  The white 
balance was calibrated on location with white printer paper using the described lighting 
setup.     
Following optical documentation, a hard plastic cap was placed over the fracture 
end of the bend specimens and sealed around the perimeter with silicone to prevent  
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Figure 3.5 An illustration of the lighting set-up used to take macro photos of the fracture specimens 
demonstrating a remote flash shining through a partially transparent cylindrical light tent providing 
even diffuse lighting of the fracture specimen inside. 
damage during the subsequent machining procedure.  The bend specimens were then 
sectioned approximately 1.5 cm from the fracture surface using electro-discharge 
machining.  The protective caps were then removed and the fracture specimens were 
mounted on SEM stubs using conductive silver paint.  This allowed the fracture 
specimens to be loaded into the JEOL 6060LV, JEOL 7000F, and FEI Dual Beam 235 
FIB and examined at a variety of tilt angles.  Relative fracture heights and morphologies 
were documented by imaging with secondary electrons at various magnifications, 
rotations and tilt angles.  Surface chemistry was determined via EDS by scanning the 
electron beam over regions of interest.  The angle between fracture planes was 
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determined by orienting the plane intersections with the tilt axis of the FIB stage and then 
tilting by one degree increments until the fracture plane was parallel with the electron 
beam direction.  The specimen was then returned to 0° tilt, rotated 180° and the 
procedure was repeated for the opposite intersecting plane.  The angle between the 
fracture planes was determined to be the sum of the tilt angles relative to the electron 
beam, Figure 3.6.  A three-dimensional representation of the fracture surface was 
constructed using Alicona MeX software from images taken at 10°, 0°, and -10° tilt. 
 
Figure 3.6 A demonstration of the method used to determine the angle between fracture planes 
involving measuring the tilt required to bring each fracture plane parallel to the electron beam. 
3.2.3 TEM sample preparation and examination 
 The microstructure and chemistry up to and immediately beneath the fracture 
surfaces were examined with a Philips CM20, JEOL 2010 LaB6 and JEOL 2010F TEMs 
running in either parallel beam or scanning mode.  In order to accomplish this, FIB lift-
out specimens were made directly from the fracture surfaces using techniques similar to 
those described in Section 3.1.3.  A thin layer of Pt was first deposited on the fracture 
surface to protect it during subsequent milling procedures.  A combination of 
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unconventional Omni-probe needle and beam shift positions were used as necessary in 
conjunction with carefully planned approach vectors to allow both the Omni-probe and 
gas insertion needles to be position in close proximity to the fracture surface.  This was 
required to enable operation without contacting surrounding fracture surfaces.  These 
procedures were often carried out at near zero tilt relative to the electron beam on flat 
fracture regions, Figure 3.7.  The only regions large enough to perform FIB lift-out 
procedures within the “cleavage-like” fracture regions, however, were along the inclined 
cleavage planes themselves.  In order to accommodate this, the back side of the fracture 
specimen was ground at an angle so that the cleavage plane was nearly perpendicular to 
the electron beam.  This allowed the cleavage plane to be tilted the 52° between the 
electron beam and ion beam normals to complete the procedure, Figure 3.8.  Care was 
taken during the final thinning process to preserve the Pt and thus the fracture surface. 
 
Figure 3.7 a) A cross section isolated by trenching directly into the fracture surface on either side of a 
deposited Pt strip. b) The removed cross section illustrating the preserved Pt layer and fracture 
surface. 
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Figure 3.8 Pt deposited directly on a cleavage plane to protect the fracture surface as viewed from a) 
top and b) the side. c) Trenches milled on either side of the Pt strip to isolate the cross section and d) 
the Omni-probe needle attached to the Pt layer for transfer to a Cu TEM grid.  
In order to determine the exact fracture path relative to cross-sectional 
microstructure, lift-out specimens were made from similar regions of each fracture half.  
Consequently, fracture along interfaces could be identified by comparing the 
microstructure beneath both the Fe-side and Ni-side fracture specimens.  Lift-out 
specimens were extracted from each fracture morphology on each distinct fracture 
elevation.  EDS line scans were then recorded via STEM in a JEOL 2010F using probe 
diameters between 0.5 nm - 1 nm from the interior of the FIB specimen to the fracture 
surface.  Compositional quantities and gradients were compared to ensure that these 
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values were consistent between the fracture surfaces of specimens extracted from similar 
regions on either side of the fracture.  In addition to guaranteeing that complimentary 
specimens were removed from similar regions on either side of the fracture, matching 
EDS values and gradients from either side of the fracture ensured that no material was 
lost from the fracture surfaces during or after the fracture event.        
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CHAPTER 4 
RESULTS 
4.1 Microstructure 
 The microstructure of both F22-IN 625 and AISI 8630-IN 625 were investigated 
in an attempt to remedy the fundamental lack of understanding behind the hydrogen-
induced failure of only the AISI 8630 interfaces despite the similar composition and 
fabrication procedures between the welds.  The microstructure of the Fe-Ni based 
dissimilar-metal butter-weld interfaces was examined primarily in the 10-hour PWHT 
condition since it is the only condition under which these welds pass the required 
standards for use in subsea structures and it is the condition in which the welds failed.  
The effects of different amounts of PWHT are examined separately in Section 4.1.6 in the 
interest of gaining a scientific understanding of the evolution of the microstructure.  
Additionally, the microstructure of an Fe-based butter weld was examined in Section 
4.1.8 for comparison and because it is being considered as an alternative to Fe-Ni based 
combinations. 
4.1.1 Discontinuous partially mixed zones 
 For both AISI 8630-IN 625 and F22-IN 625 weld metal compositions, optical 
microscopy revealed the existence of macrosegregation along the fusion boundary in the 
form of discontinuous dark etching regions along the Fe-rich side of the interface 
adjacent to the expected tempered martensitic region of the HAZ.  These discontinuous 
dark etching regions will be referred to as the discontinuous partially mixed zones 
(PMZs) for reasons that will become apparent in Section 4.1.2. Examples of these regions 
can be seen in Figures 4.1-4.2.  Two key features evident in these micrographs are the 
presence of the macrosegregated regions at bead intersections as well as in mid-bead 
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regions and the lack of continuity of these zones along the interface.  To quantify these 
discontinuous PMZs, the percent length, average length and maximum length were 
measured and calculated from optical micrographs of the entire available weld-cross 
section; the results are reported in Table 4.1.  As seen in the table, the discontinuous 
PMZs covered a slightly larger areal fraction in the F22-IN 625 detail than the AISI 
8630-IN 625, 36% compared to 29%. The average length of the regions, however, was 
nearly twice as long in the AISI 8630-IN 625 weldment and the maximum length was 
approximately one and half times as long. 
 
Figure 4.1  An optical micrograph of a F22-IN 625 weld cross section etched with 2% Nital in the 10 
hour PWHT condition demonstrating discontinuous partially mixed zones.  
 
Figure 4.2  An optical micrograph of an AISI 8630-IN 625 weld cross section etched with 2% Nital in 
the 10 hour PWHT condition demonstrating discontinuous partially mixed zones. 
Weld Percent length of 
PMZ 
Average length of 
PMZ – microns 
Max length of PMZ - 
microns 
F22-IN 625  36% 452.74 1742.03 
8630-IN 625 29% 807.69 2694.3 
Table 4.1  Measured discontinuous PMZ dimensions in the 10 hr PWHT condition 
 Despite the differences in size of these discontinuous PMZs, these regions 
consisted of extremely similar microstructure.  The microstructure was lath martensite for 
both weld chemistries.  The existence of this phase is seen in the surface topography of 
SEM images etched with 2% Nital, Figures 4.3a-4.b.    This was confirmed in TEM 
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analysis of the samples extracted from the interface by using FIB machining, Figure 4.4.  
The lath size in these regions varies for both weld compositions as a function of PWHT 
temperature, cooling rate and composition.  Faster cooling rates and higher local Ni/Fe 
ratios result in a finer lath structure.  Consequently, lath size generally decreased across 
the discontinuous PMZs as the Ni side of the fusion line was approached; compare 
Figures 4.3-4.4. 
      
Figure 4.3  SEM images of a discontinuous PMZ in a a) F22-IN 625 and b) AISI 8630-IN 625 weld 
cross section etched with 2% Nital to reveal the lath structure. 
 
Figure 4.4  A TEM image of a discontinuous PMZ – IN 625 interface in a F22-IN 625 10 hour sample 
showing lath martensite and the transition zone. 
4.1.2 Transition zones 
 In addition to the lath martensite, Figure 4.4 demonstrates another key feature 
common to both weld metal compositions, an approximately 100-nm wide transition 
zone.  As seen in Figure 4.4, the transition zone exists between the lath martensitic 
structure on the Fe-side of the interface and the planar solidification region on the Ni-side 
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of the interface when adjacent to a discontinuous dark etching region.  This zone, 
however, is not unique to regions with discontinuous PMZs.  As seen in Figures 4.5a-b 
this region also exists without an adjacent lath martensitic structure, in this case between 
the Fe-base metal and the planar solidification region.   
    
Figure 4.5  TEM images showing the transition zone and planar solidification regions of an a) AISI 
8630-IN 625 specimen and a b) F22-IN 625 specimen in the 10 hour PWHT condition.  M7C3 
precipitation exists only in the planar solidification region of the AISI 8630-IN 625 specimen.  
For both weld metal compositions, the crystal structure was BCC on the Fe-rich 
side of the transition zones and FCC on the Ni-rich side.  Although this was initially 
demonstrated through analysis of electron diffraction patterns in a TEM from single 
grains, it is demonstrated here over larger regions using electron backscatter diffraction 
from an SEM.  Figure 4.6a demonstrates the grain orientations near the weld interface 
relative to the surface plane sampling at 0.5 micron intervals in an F22-IN 625 specimen.  
Grains are colored on both sides of the weld interface according to the key shown in 
Figure 4.6c.  Figure 4.6b demonstrates that the crystal structure of this same area 
transitions from BCC to FCC across the Fe-base metal and the solidification region 
interface where red represents regions with a BCC structure and blue represents regions  
72 
 
      
 
Figure 4.6  An electron backscattered diffraction image of a F22-IN 625 specimen in the 10 hour 
PWHT condition showing the fusion line and solidification regions with a) grain orientation 
demonstrated according to the c) key.  The crystal structure is mapped in b) with red representing 
areas with a BCC crystal structure and blue representing areas with a FCC structure.   
with a FCC structure.  Regions where the crystal structure could not be determined where 
left black.  Figures 4.7a-b use the same color scheme to examine the interface at higher 
magnification sampling at 0.02 micron intervals so the transition zone could be resolved.  
An area slightly adjacent to that imaged in Figure 4.6 was examined in order to avoid 
potential diffraction pattern and imaging degradation as a result of carbon deposition on 
the surface from the first scan.  As seen in Figure 4.7b, the transition zone is indexed as a 
BCC structure.  While this region certainly has a BCC-like structure, it should be noted 
that it may actually consist of a BCT structure to ease the BCC-FCC transition.  The 
tetragonality of the transition zone could not be determined via electron diffraction, 
however.  This is most likely a consequence of the level of strain within and around this 
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region which diffuses the fine details of the patterns.  Similar high magnification results 
can be seen for the AISI 8630-IN 625 weld compositions in Figure 4.8.   
      
Figure 4.7    An electron backscattered diffraction image of a F22-IN 625 specimen in the 10 hour 
PWHT condition showing the fusion line and transition zone with a) grain orientation demonstrated 
according to the key shown in Figure 4.6c.  The crystal structure is mapped in b) with red 
representing areas with a BCC crystal structure and blue representing areas with a FCC structure.   
      
Figure 4.8    An electron backscattered diffraction image of an AISI 8630-IN 625 specimen in the 10 
hour PWHT condition showing the fusion line and transition zone with a) grain orientation 
demonstrated according to the key shown in Figure 4.6c.  The crystal structure is mapped in b) with 
red representing areas with a BCC crystal structure and blue representing areas with a FCC 
structure.  
The orientation relationship between the transition zone and the planar 
solidification region was also investigated using the EBSD data. The measured 
orientation relationships for both weld combinations were consistent with a calculated 
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and well known Kurdjumov-Sachs FCC-BCC relationship, as demonstrated in the pole 
figures shown in Figure 4.9 [146].  This is consistent with relationships reported 
previously between similar regions for AISI 4130-IN 625 dissimilar metal weld clad 
[147]. 
      
Figure 4.9 Pole figures calculated from the EBSD data shown in Figure 4.8 sampling only the area 
across the BCC – FCC transition for a a) F22-IN 625 and b) AISI 8630-IN 625 interface.  Red spots 
correspond to spots from the BCC region and blue spots from the FCC region, consistent with a 
Kurdjumov-Sachs orientation relationship.            
4.1.3 Planar solidification regions 
 Bounding the transition zone on the Ni-side of the fusion line, a planar 
solidification region exists in both weld compositions that is variable in width but 
approximately 20 microns wide.  This region is readily distinguishable in Figure 4.10 as 
the region between the cellular dendritic structures with precipitates decorating the cell 
boundaries and the transition zone.  Since carbon was one of the key differences between 
the F22 and AISI 8630 base metal compositions, Nano-SIMS was used to map its 
distribution near the weld interface.  SIMS images formed with atomic mass 12 (12C), 
Figures 4.11a and 4.12a, and 24 (12C2), Figures 4.11b, and 4.12b, for both the AISI 8630  
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Figure 4.10  SEM images showing the planar and cellular dendritic solidification structures for the a) 
F22-IN 625 and b) AISI 8630-IN 625 interfaces in the 10 hour PWHT condition. 
 
Figure 4.11 a) 12C and b) 12C2 nano-SIMS images of a F22-IN 625 weld interface in the 10 hour 
PWHT condition showing the carbon rich zones [148]. 
 
Figure 4.12 a) 12C and b) 12C2 nano-SIMS images of an AISI 8630-IN 625 weld interface in the 10 
hour PWHT condition showing the carbon rich zones [148]. 
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-IN 625 and F22-IN 625 interfaces demonstrate a C diffusion distance on the order of 10 
microns into the Ni-rich side for both systems.  This places the diffused carbon within the 
planar solidification region in both systems despite the differences in carbon content of 
the base metals, 0.3 wt% and 0.15 wt%, in the AISI 8630 and F22, respectively.  While 
the 12C images for both welds were relatively similar, the 12C2 images were not.  The 
AISI 8630-IN 625, with its higher carbon level, demonstrated a higher intensity 12C2 
image than the F22-IN 625 sample; compare Figures 4.11a and 4.11b.    
 TEM analysis showed that the microstructure in the planar solidification region 
differed between the AISI 8630-IN 625 and the F22-IN 625 compositions, see Figure 4.5.  
In the former, this region consisted of the 200 nm-wide transition zone followed by a 
region with a high density of needle-like carbides.  In the latter system, the transition 
zone was followed by a region with no carbides.  As shown in the bright-field and dark-
field images presented in Figure 4.13a-b, the carbides in the AISI 8630-IN 625 system 
were ordered and aligned along <100>-type directions in an FCC matrix.  The carbides 
were approximately 100 nm-long by 10 nm-wide.  The diffraction pattern shown in 
Figure 4.13c was indexed consistently as the [233] matrix zone axis and the    ̅ ̅   zone 
axis of a M7C3 carbide, Figure 4.13d.  Extra spots can be accounted for via double 
diffraction and dynamical effects.  The calculated pattern assumes kinematical conditions 
apply, meaning that the electron beam is only diffracted once while within the crystal.  
Most specimens, however, are thick enough such that the beam can diffract multiple 
times within the crystal.  This allows for reflections “kinematically forbidden” by the 
structure factor to become illuminated.  These spots can be easily identified as reciprocal 
lattice vectors which are normally eliminated due to the structure factor [149, 150]. On 
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the other hand in the case of FCC and BCC structures, double diffraction refers to 
diffraction from multiple phases, such as a carbide and a matrix.  In this case a beam 
which is diffracted in the one crystal satisfies a Bragg condition in the other and is re-
diffracted in a direction which is almost parallel to the transmitted beam.  In effect the 
diffracted beam from the first phase acts as the transmitted beam in the second phase.  
The result is a series of extra reflections surrounding the primary reflections [149, 150]. 
 
Figure 4.13 a) Bright field (001) and b) dark field (101) TEM images of M7C3 carbides on the IN 625 
side of an AISI 8630-IN 625 dissimilar metal weld in the 10 hour PWHT condition with c) an electron 
diffraction image showing both matrix (223) and carbide diffraction spots (   ̅̅̅̅  ) compared to d) 
calculated diffraction patterns for Cr7C3 and Ni.   
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As seen in the F22 sample shown in Figure 4.14, the dislocation density remained 
high in this region even after ten hours of annealing.  Thus, extremely high dislocation 
densities would be expected in this region following cooling from the welding operation.  
Dislocations in this region were not resolvable in the AISI 8630 specimen using two-
beam imaging techniques, possibly due to the level of strain.  The dislocation density in 
this specimen, however, would be expected to be similar to or higher than that shown in 
Figure 4.14, as a consequence of dislocation pinning and possibly generation from the 
precipitates. 
 
Figure 4.14  A bright field TEM image showing the transition zone and dislocation density in the 
planar solidification region of a F22-IN 625 weld interface in the 10 hour PWHT condition. 
4.1.4 Cellular dendritic regions 
 Continuing further into the Ni-rich side of the weld interface, the planar 
solidification region breaks down into a cellular dendritic structure. This is evidenced by 
precipitation along the cell boundaries for both weld metal compositions on the Ni-rich 
side of the planar solidification region, Figure 4.10.  EDS maps from both weld 
compositions revealed that the precipitates were Mo-Nb rich carbides, consistent with the 
expected structure in IN 625 weld metal, Figures 4.15-4.16.  The cellular dendritic 
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regions for each weld composition extended far into the weld metal relative to the 
expected fracture susceptible region and thus were the last region investigated.  
 
Figure 4.15 EDS maps showing relative composition of b) iron, c) nickel, d) chromium, e) niobium 
and f) molybdenum over the area of a F22-IN 625 weld interface shown in a).  e) and f) demonstrate 
that the white carbides shown in a) are rich in niobium and molybdenum.   
 
Figure 4.16 EDS maps showing relative composition of b) iron, c) nickel, d) chromium, e) niobium 
and f) molybdenum over the area of an AISI 8630-IN 625 weld interface shown in a).  e) and f) 
demonstrate that the white carbides shown in a) are rich in niobium and molybdenum.   
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4.1.5 Fusion zone composition 
 The chemistries near the fusion zone were investigated on a micron-scale using 
SEM and EDS.  Compositional analysis relative to the weld intersection revealed two key 
regions of partial mixing, one discontinuous and the other continuous.  The discontinuous 
regions corresponded to the discontinuous dark etching regions discussed in Section 
4.1.1, which are thus aptly referred to as the discontinuous partially mixed regions 
(PMZ).  The continuous PMZ regions, on the other hand, exist on the Ni-side of the 
fusion boundary in various degrees along the entire length of the boundary.  Figures 
4.17a-b are electron backscattered images from areas along the fusion line demonstrating 
both discontinuous and continuous PMZs in the two weldments following a 10 hr PWHT.  
In contrast, Figures 4.17c-d show secondary electron images of interfaces exhibiting only 
variable width continuous PMZs, which include the planar solidification and cellular 
dendritic regions. 
 The results of compositional line scans for Fe, Cr, and Ni, as determined by 
standard-less x-ray dispersive spectroscopy obtained using a SEM, are superimposed on 
each micrograph presented in Figure 4.17.  From the base-metal side of the weldment 
there is a gradual increase in the concentration of Ni and Cr in the discontinuous PMZ 
that ends in sharp increases at the weld-metal interface, Figures 4.17a-b.  A similar sharp 
compositional change occurred at the weld metal interface in regions between the 
discontinuous PMZs, Figures 4.17c-d. On the other side of the fusion boundary, within 
the planar solidification region, there is another more gradual compositional gradient that 
extends over a distance ranging from 1 to 50 μm that brings the composition to that of the 
weld metal.  In some cases, this compositional gradient extends into the cellular dendritic 
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region.  At the higher spatial resolution afforded in the TEM, EDS analysis at the weld 
metal interface demonstrates that the sharp compositional changes observed across the 
fusion line in Figure 4.17 occur across the transition zone.  Figures 4.18a-18b 
demonstrate the locations of EDS measurements in and around the transition zones for 
each weld metal composition represented in Tables 4.2-4.3.  The composition within the 
transition zones was remarkably similar and consistent between the weld metal 
combinations considering the range of compositions which can exist on either side of the 
transition zone. 
      
      
Figure 4.17  a) and b) SEM electron backscattered images along with overlaid EDS lines scans of 
PMZs in F22-IN 625 and AISI 8630-IN 625 respectively.  c) and d) secondary electron images along 
with overlaid EDS line scans across the continuous PMZ without the discontinuous PMZ in F22-IN 
625 and AISI 8630-IN 625 respectively. 
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Figure 4.18 Bright field TEM images of transition zones in a a) F22-IN 625 and b) AISI 8630-IN 625 
weld interface without an adjacent discontinuous PMZ.  The numbered locations correspond to 
regions where composition was measured, as displayed in Tables 4.2-4.3. 
Element 
(wt%) 
Area 1 Area 2 Area 3  Element 
(wt%) 
Area 1 Area 2 Area 3 
Cr 1.7 6.5 10.6     Cr 1.0 3.76 8.7 
Mn 0.4 1.5 -  Mn 0.5 1.50 0.2 
Fe 95.0 80.4 69.4  Fe 97.3 82.12 65.4 
Ni 2.9 8.9 19.6  Ni 1.0 11.49 23.3 
Nb - - 1.0  Nb 0.0 0.14 0.2 
Mo 0.5 3.1 -  Mo 0.2 1.09 2.2 
  
 
The compositional gradients of the PMZs varied across a single region, between 
similar regions within a single weld and between separate welds of a similar type.  To 
illustrate this, three line scans were taken at different areas across a single discontinuous 
PMZ for each weld composition, Figures 4.19-4.20.  Figures 4.19a and 4.20a illustrate 
the location of the line scans (L1, L2 and L3) relative to the PMZ for each respective 
weld metal combination.  These are shown for each line scan in higher magnification in 
Figures 4.19b-d and 4.20b-d.  The marked interfaces in the higher magnification images 
correspond to the vertical lines plotted on the compositional gradients for Fe, Ni and Cr 
Table 4.2  Composition values in wt% from 
the areas indicated in Figure 4.18a. 
 
Table 4.3  Composition values in wt% from 
the areas indicated in Figure 4.18b. 
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in Figures 4.19e-g and 4.20e-g.  In all cases, the composition changed sharply across an 
interface relative to within the PMZs.  Within the discontinuous PMZs, the composition 
changes rapidly from the base metal composition to an average mixed value of 
approximately 81 wt% Fe, 12 wt% Ni, and 6 wt% Cr for the F22-IN 625 interfaces and 
92 wt% Fe, 12 wt% Ni and 6 wt% Cr for the AISI 8630-IN 625 interfaces within roughly 
10 microns of the base metal interface.   After the initial 10 micron composition gradient, 
the average mixing values remain relatively constant for the remainder of the 
discontinuous PMZ width, (L1 and L2).  In areas where the discontinuous PMZ is 
approximately equal to or less than 10 microns, such as in L3, the initial gradient exists 
without the following constant average mixing region.  Inconsistent with this trend is L1 
for the AISI 8630-IN 625 specimen which demonstrates a constantly changing 
compositional gradient separated by discontinuous jumps.  The discontinuous jumps 
within the AISI 8630-IN 625 L1 scan are consistent with transitions to localized weld-
metal-rich, non-etching regions, indicative of incomplete mixing. Such regions, more 
clearly demonstrated in Figure 4.21, do exist in both weld combinations but do not exist 
in every discontinuous PMZ.  When they are present they were always observed in the 
widest region of the PMZ, typically on one end of the PMZ or the other.  The beginning 
of this phenomenon can also be seen in the F22-IN 625 weld near the bottom of Figure 
4.19b even though the line scan did not go through this region.   
While these general trends were followed, the amount of mixing varied between 
PMZs within a single weld and between separate welds of a similar type due to 
fluctuations in the welding parameters during the welding procedure.  Compare Figures  
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Figure 4.19  a) the location of EDS line scans taken at various areas along a discontinuous PMZ 
within a F22-IN 625 specimen shown at higher magnification in b)-d).  The line scans of each 
measured element are graphed in e)-f). 
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Figure 4.20 a) the location of EDS line scans taken at various areas along a discontinuous PMZ 
within an AISI 8630-IN 625 specimen shown at higher magnification in b)-d).  The line scans of each 
measured element are graphed in e)-f). 
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Figure 4.21  A SEM image of a discontinuous PMZ within an AISI 8630-IN 625 specimen etched with 
2% Nital demonstrating incomplete mixing. 
4.19 to 4.17 and 4.20 to 4.18 to see the contrast between different PMZs within a single 
weld and compare Figures 4.17-4.20 to the gradients presented in Section 4.1.5 to see the 
contrast between separate welds of a similar type.   
Similarly, the compositional gradients of the continuous PMZs, on the Ni-rich 
side of the discontinuous PMZ, also varied across a single region, between similar 
regions within a single weld and between separate welds of a similar type.  The chemistry 
always ranged from that of the transition zone to the general weld metal chemistry.  Such 
variation can be seen by comparing images within Figure 4.17.  
4.1.6 Effect of post weld heat treatment 
 Even though these dissimilar metal weldments currently only pass the required 
standards for use in subsea applications when in the 10 hour PWHT condition, their 
microstructure was also investigated after 5 and 15 hours of PWHT.  This analysis was 
completed not only to determine the effect of PWHT on the evolution of the fusion-zone 
microstructure and to determine if such current standards should be modified, but also to 
help differentiate between the contribution of diffusion and mixing in the formation of 
said microstructure.  Such a determination is important in order to both gain a basic 
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understanding of the controlling factors and to ascertain the most effective corrective 
procedures, such as modifying the welding parameters or the PWHT procedures.  
Optical images of the F22-IN 625 and AISI 8630-IN 625 weld interfaces in the 5 
hr and 10 hr PWHT, Figures 4.22-4.23 and Figures 4.24-4.25, conditions revealed similar 
structure to that seen in the 10 hr PWHT condition, Figures 4.1-4.2.  Evidence of 
macrosegreation along the fusion line can be seen in the form of dark-etching 
discontinuous partially mixed zones in both weld interface types for all investigated 
PWHT conditions.  In order to determine if the amount of PWHT had any effect on the 
extent of the formation of the PMZs, the length of the zones as well as the weld interfaces 
was measured from the entire available weld-cross sections using optical microscopy.  
The percent length of the PMZ relative to the entire weld cross-section, the average 
length of the PMZs and the maximum length were all calculated and tablulated in Table 
4.4.  Sensible trends could not be determined from this data with respect to increasing 
amounts of PWHT in general or between the different weld combinations.  
In order to eliminate the effect of variable welding parameters between the welds 
as well as along the length of each weld interface, EDS linescans were made across 
identical regions of the fusion zone for each weld combination between heat treatments.  
Two regions were chosen for each weld combination including areas both with and 
without discontinuous PMZs.  The Fe, Ni and Cr composition profiles for the F22-IN 625 
interface containing a discontinuous PMZ are plotted separately as a function of distance 
in Figure 4.26.  The composition profiles for each PWHT condition are overlaid to allow 
for direct comparison.  The vertical green line indicates the position of the Fe - PMZ 
interface for reference.  Figure 4.27 shows similar results for the F22-IN 625 interface 
88 
 
without a discontinuous PMZ with the green line indicating the fusion line.   Analogous 
plots were also made for the AISI 8630-IN 625 interface, both with and  
 
Figure 4.22 An optical micrograph of a F22-IN 625 weld cross section etched with 2% Nital in the 5 
hour PWHT condition demonstrating discontinuous partially mixed zones. 
 
 
Figure 4.23 An optical micrograph of a F22-IN 625 weld cross section etched with 2% Nital in the 15 
hour PWHT condition demonstrating discontinuous partially mixed zones. 
 
 
Figure 4.24 An optical micrograph of an AISI 8630-IN 625 weld cross section etched with 2% Nital in 
the 5 hour PWHT condition demonstrating discontinuous partially mixed zones. 
 
 
Figure 4.25 An optical micrograph of an AISI 8630-IN 625 weld cross section etched with 2% Nital in 
the 15 hour PWHT condition demonstrating discontinuous partially mixed zones. 
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Weld Percent length of 
PMZ 
Average length of 
PMZ – microns 
Max length of PMZ - 
microns 
F22-IN 625 5 Hr 26% 275.39 1564.45 
F22-IN 625 10 Hr 36% 452.74 1742.03 
F22-IN 625 15 Hr 28% 470.56 1241.29 
8630-IN 625 5 Hr 28% 526.38 2402.54 
8630-IN 625 10 Hr 29% 807.69 2694.3 
8630-IN 625 15 Hr 17% 448.212 1135.53 
Table 4.4  Measured discontinuous PMZ dimensions for all PWHT conditions. 
without discontinuous PMZs, as seen in Figures 4.28-4.29 respectively.  Due to the 
formation of oxide and surface roughening between heat treatment procedures, surfaces 
needed to be re-polished before continued examination resulting in slight variation of the 
composition as a function of depth.  In spite of this, in all cases the composition profiles 
show limited, if any, variation between the PWHT procedures using the micron-
resolution afforded by this technique. The spikes seen in the composition profiles are 
consistent with sampling regions containing a large volume of carbides compared to 
those without.  The lack of composition profile change as a function of PWHT is 
consistent with the lack of trends seen in the measurements of the discontinuous PMZs 
using optical microscopy.  When the width of the discontinuous PMZs, as well as the 
continuous PMZs, is compared to the change in composition profiles as a function of 
PWHT, it is clear that the composition gradients are dominated by the liquid mixing 
which occurs during welding as opposed to the solid-state diffusion which occurs during 
PWHT.  Despite the composition profiles remaining constant, the width of the dark 
etching regions occasionally varied between PWHT procedures.  This is likely the result 
of variations in cooling rate, which can either encourage or discourage the martensitic 
transformation for a given composition and thus the appearance of the  
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Figure 4.26  Composition profiles across a F22-IN 625 interface with a discontinuous PMZ 
demonstrating the changes after 5, 10 and 15 hours of PWHT. 
 
 
 
 
Figure 4.27  Composition profiles across a F22-IN 625 interface without a discontinuous PMZ 
demonstrating the changes after 5, 10 and 15 hours of PWHT. 
 
 
 
 
Figure 4.28 Composition profiles across an AISI 8630-IN 625 interface with a discontinuous PMZ 
demonstrating the changes after 5, 10 and 15 hours of PWHT. 
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Figure 4.29 Composition profiles across an AISI 8630-IN 625 interface without a discontinuous PMZ 
demonstrating the changes after 5, 10 and 15 hours of PWHT. 
width of the zone.  Thus, the PWHTs investigated do not have a significant effect on the 
Fe, Ni or Cr gradients across the fusion zone, but can affect the microstructure along it.     
In order to determine the effect of the PWHT on the carbon concentration and 
carbide formation, TEM samples were made from the Ni-rich continuous PMZ using the 
PIPS technique.  Since the F22-IN 625 weldment did not demonstrate any precipitation in 
this region in the 10 hr PWHT condition, only the 15 hr condition was investigated.  As 
seen in Figure 4.30, only small, sparsely populated, round carbides were seen in the Ni-
rich region adjacent to the transition zone.  This is in comparison to the high density of 
fine, needle-like, M7C3 carbides seen in this region in the AISI 8630-IN 625 10 hour 
specimen, Figure 4.13.  Further away from the transition zone, near the closest grain 
boundary on the Ni-rich side of the interface, however, similar ordered needle-like 
carbides were identified, Figure 4.31.  Thus, the PWHT does have a noticeable effect on 
the formation of carbides on the Ni-rich side of the interface as a result of carbon 
diffusion.  The carbide density and maturity vary locally in areas adjacent to fast 
diffusion paths, such as grain boundaries, as would be expected from a diffusion-
controlled process.  Thus, despite F22 only having approximately half of the carbon 
content of AISI 8630, the fine needle-like M7C3 carbides seen in the continuous PMZ of 
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the AISI 8630-IN 625 weldments can also be created in the F22-IN 625 weldments given 
enough time for carbon diffusion.  As a result of AISI 8630 having approximately twice 
the carbon content as F22, the carbon solubility limit in its continuous PMZ can be 
reached much quicker under similar PWHT conditions.  This is evident by the full 
evolution of carbides seen in the AISI 8630-IN 625 specimen during the various stages of 
PWHT as opposed to only the initial nucleation seen in the final stage of PWHT for the 
F22-IN 625 specimen.  When the TEM images from the equivalent regions in the AISI 
8630-IN 625 specimens are examined a clear progression can be seen from the 5 hour 
condition, Figure 4.32, to the 10 hour condition, shown previously in Figure 4.13, to the 
15 hour condition, Figure 4.33.  The carbides evolve from the small well-spaced spherical 
shapes seen in Figure 4.30 to small needle-like carbides seen in Figure 4.32 to the full 
size needle-like carbides seen in the 10 hour condition, Figure 4.13.  In the 15 hour 
condition, Figure 4.33, the carbides cease to increase in length and begin becoming plate-
like.  In summary, the PWHT experiments illustrate that the compositional gradients 
along the fusion zone are independent of the duration of the PWHT procedures indicating 
that the primary mixing occurred during the welding process as opposed to the 
precipitation of the carbides within the Ni-rich continuous PMZs, which were controlled 
by carbon diffusion during the PWHT procedures.     
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Figure 4.30  A bright-field TEM image of a F22-IN 625 specimen in the 15 hour PWHT condition 
demonstrating the initial formation of carbides within the planar solidification region immediately 
adjacent to the transition zone. 
 
 
 
Figure 4.31   A bright-field TEM image of a F22-IN 625 specimen in the 15 hour PWHT condition 
showing M7C3 carbides in the planar solidification region adjacent to a grain boundary. 
 
 
 
Figure 4.32  A bright-field TEM image of an AISI 8630-IN 625 specimen in the 5 hour PWHT 
condition demonstrating the initial formation of carbides within the planar solidification region. 
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Figure 4.33  a) A bright-field TEM image of an AISI 8630-IN 625 specimen in the 15 hour PWHT 
condition showing carbides within the planar solidification region immediately adjacent to the 
transition zone.   A magnified region of which represented by the boxed area is shown in b) 
demonstrating plate like precipitates. 
4.1.7 Closure welds 
 The butter welds, those which failed and have been discussed so far in this 
document, were not available for study in the as-welded condition.  Some insight to this 
condition, however, can be gleaned by studying the closure welds between the X70 
pipeline steel and the IN 625 weld metal.  The schematics and welding conditions for the 
closure welds can be found in Appendix A.  These welds are made in the field and do not 
receive PWHT.  In order to allow for use without PWHT, however, the X70 pipeline 
material has lower carbon and alloy content than the F22 or AISI 8630 materials.   
Optical images of a closure weld, Figures 4.34-4.35, in general demonstrate 
similar structure and macrosegregation to those presented in Section 4.1.1.  This is 
consistent with the notion that the macro-segregated regions and composition gradients 
are formed as a result of mixing during the welding procedure as opposed to diffusion 
during the PWHT procedure.  The macrosegreation along the fusion line of the closure 
weld, however, demonstrates a greater variety than that along the butter weld interfaces.  
Figure 4.34 demonstrates a lesser degree of mixing while Figure 4.35 demonstrates 
similar dark etching regions as those seen in the butter weld interfaces on the left side of 
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the image and patches of completely isolated base metal on the right side of the image.  
The variety of mixing observed as a result of the differences in welding parameters 
indicates that welding procedures can be modified to control the microstructure within 
the fusion zone.  While the closure welds do provide additional insight into the mixing 
and macrosegregation, they provide little understanding of the carbide formation on the 
Ni-rich side.  The combination of a lower carbon content and lack of PWHT would 
discourage the formation of carbides in the continuous PMZ.  It should be noted that no 
closure weld failures have been reported to date. 
 
Figure 4.34  An optical micrograph of a X70-IN 625 closure weld cross section etched with 2% Nital 
demonstrating a slight degree of localized partial mixing. 
 
Figure 4.35  An optical micrograph of a X70-IN 625 closure weld cross section etched with 2% Nital 
demonstrating regions of discontinuous partial mixing and incomplete mixing along the fusion line. 
4.1.8 Low alloy steel butter welds 
 Low alloy steel (LAS) butter welds are being used temporarily in place of 
Inconel-based butter welds until a better understanding of the recent series of failures can 
be obtained.  The fusion line of F22-LAS butter welds were thus investigated in order to 
determine if they would be susceptible to the same forms of failure witnessed in the Fe-
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Ni butter welds and to help illustrate differences in the microstructure between an Fe-
based weld and a dissimilar metal weld.   
Optical images of the welds in the 5, 10 and 15 hour PWHT condition 
demonstrate a distinctly different martensitic to martensitic interface, Figures 4.36-4.38.  
The martensite becomes more tempered with increasing PWHT as expected.  
Interestingly, evidence of varying amounts of mixing along the fusion line was present in 
the form of more or less diffuse interfaces, compare Figure 4.38a-4.38b.  A montage of 
optical images along the fusion line reveals similar thick and thin undulations along the 
fusion line as seen in their Fe-Ni counterparts, Figure 4.39.  Presumably, this is the result 
of similar forms of mixing during the welding procedure as a result of locally varying 
welding parameters.  The difference, in the case of the LAS butter welds, however, is due 
to the similar composition of the weld metal and base metal.  The mixing along the fusion 
line in this case does not result in the formation of separate phases, and thus mechanical 
properties, at different locations along the fusion line.  TEM analysis revealed only lath 
martensite near the fusion boundary, Figure 4.40, as opposed to the number of structures 
and compositions seen in their Fe-Ni counterparts, Sections 4.1.1-4.1.5. 
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Figure 4.38 Optical micrographs of a F22-low alloy steel butter weld cross section in the 15 hour 
PWHT condition etched with 2% Nital demonstrating a) diffuse and b) sharp fusion zones. 
 
 
Figure 4.39 A montage of optical micrographs of a F22-low alloy steel butter weld cross section in the 
15 hour PWHT condition etched with 2% Nital demonstrating various degrees of mixing along the 
fusion line. 
Figure 4.36 An optical micrograph of a F22 – 
low alloy steel butter weld cross section in 
the 5 hour PWHT condition etched with 2% 
Nital. 
 
Figure 4.37 An optical micrograph of a F22 – 
low alloy steel butter weld cross section in 
the 10 hour PWHT condition etched with 
2% Nital. 
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Figure 4.40  TEM image showing a lath martensitic structure within a F22-low alloy steel butter 
weld. 
4.1.9 Microstructure summary 
 Due to the complex nature of the microstructure of Fe-Ni butter weld interfaces 
the results will be summarized in this section.  This section will therefore act as a simple 
reference for future discussion relating the failure mechanism and the microstructure.   
The microstructure of the Fe-Ni butter welds transitions from a coarse-grain heat-
affected zone in the Fe-base metal to a series of discontinuous partially-mixed martensitic  
zones along the fusion line and a continuous partially-mixed zone on the Ni-side of the 
fusion line.  A 200 nm-wide planar transition zone acts to bridge the BCC and FCC 
structures, separating the discontinuous partially-mixed zones on the Fe-side and the 
continuous partially-mixed zones on the Ni-side.  Within the continuously partially-
mixed zone on the Ni-side there exists a 20 µm-wide planar solidification region formerly 
referred to as the featureless zone.  The major difference between the two weld 
combinations is that the F22-IN 625 weldment in the 10 hour PWHT condition does not 
show carbide precipitation in this region while the AISI 8630-IN 625 weldment in the 10 
hour PWHT condition does.  Within the planar solidification region of the AISI 8630-IN 
625 weldments in the 10 hour PWHT condition there is a high density of ordered, needle-
like M7C3 carbides approximately 100 nm x 10 nm in size.  Following the planar 
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solidification region on the Ni-rich side of the fusion line of both weld combinations the 
solidification structure transitions to cellular dendritic with Nb-Mo rich carbides 
decorating the dendrite boundaries.  All of this is represented schematically in Figure 
4.41.  The figure is not drawn to scale to allow for all of the features to be easily seen in a 
single illustration. 
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Figure 4.41 A schematic representation of the various microstructures within a Fe-Ni based butter 
weld, not drawn to scale. 
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4.2 Fracture 
 In the following sections the distinct fracture morphology characteristic of the in-
service failures of these Fe-Ni based butter welds is investigated and correlated with the 
microstructure described in Section 4.1.  Since samples which had failed in-service were 
not available for study, AISI 8630-IN 625 fracture specimens were reproduced using 
slow-strain rate cathodically-charged three-point bend specimens as described in Chapter 
3.  The reproduced fracture specimens replicate the fracture morphology of the in-service 
failures and demonstrate failure with reduced mechanical performance [12].  Several 
fracture specimens were produced and studied.  All specimens demonstrated similar 
features, a sampling of which will be described in the following sections. 
4.2.1 General fractography 
 Optical fractography revealed the appearance of a matching, brittle, torturous 
fracture morphology as seen in Figure 4.42.  As evidenced by the bright patches on the 
Fe-side of the fracture, Figure 4.42a, and the corroded patches on the Ni-side of the 
fracture, Figure 4.42b, both fracture surfaces contained Fe and Ni, indicating that the 
fracture path alternates between the Fe-rich side of the weld interface and the Ni-rich 
side.  While examining the fracture surface, recall that the apparently smooth region on 
the top side of the specimen is a result of the EDM notch and that the bottom portion of 
the fracture specimen is the result of a fast fracture used to open the fracture specimen, 
see Chapter 3 for details.  As such, only the area immediately below the end of the EDM 
notch should be considered.  This is the only region shown in the following SEM 
examination.      
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Figure 4.42  Optical images of the a) Fe- and b) Ni-side fracture surface of an AISI 8630-IN 625 12 
mm x12 mm cathodically charged, slow-strain rate, three-point bend specimen after failure. 
 SEM investigation of the fracture specimens revealed that the surface consisted 
primarily of two alternating morphologies: flat and “cleavage-like,” Figure 4.43.  These 
morphologies are consistent with those from the in-service failures from the Gulf of 
Mexico as well as those reported from the North Sea [14, 134-140].  Viewing the fracture 
surface on the Fe-side at 45° to the surface normal, revealed that the two fracture 
morphologies exist on three distinct elevations.  While viewing the Fe-side of the failure, 
the flat fracture regions exist at the two lowest elevations while the “cleavage-like” 
fracture region exists at the highest elevation.  Figure 4.44 provides a low magnification 
view of the Fe-side surface 45° to the surface normal perpendicular to the crack growth 
direction demonstrating the relationship between the three regions. Figure 4.45 shows the 
same area from the same direction at higher magnification demonstrating the abrupt 
height change between regions.  A sense of the magnitude of these changes can be seen 
in Figure 4.46, which demonstrates a nearly perpendicular ridge face between the lower 
flat fracture region and the upper flat fracture region by viewing the specimen at 45º to 
the surface normal along the crack growth direction.  As demonstrated in these figures, a 
103 
 
progressive transition between elevations is possible, but not required.  The elevation can 
transition from lowest to highest, as seen in Figure 4.46, but does not do so in every 
region, as seen in Figures 4.44-4.45.  Consistent with some of the previously perplexing 
results is the fact that EDS analysis demonstrates that the cleavage-like fracture 
morphology is Ni-rich while the flat fracture morphologies are Fe-rich [12, 14, 142].  
This is, however, consistent with the observations of the differences in elevation.  When 
viewing the Fe-side of the failure, regions with the highest elevation, such as the 
cleavage-like morphology, would be closest to the Ni side of the weld cross-section while 
lower elevations would be further into the Fe side. 
 
Figure 4.43  A secondary electron image showing the transition between the cleavage-like and flat 
fracture morphologies. 
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Figure 4.44  A SEM image taken 45º to the surface normal and perpendicular to the crack growth 
direction demonstrating the various elevations of the fracture morphologies. 
      
 
 
 
4.2.2 Flat fracture 
 Viewed at low magnification, the flat fracture regions were large compared to the 
height of the transitions and were not perfectly flat.  Figure 4.47 demonstrates that when 
viewed 45° to the surface normal in the crack growth direction the flat fracture regions 
are actually asymmetrical, smoothly curved dish shaped surfaces concaved into the Fe-
Figure 4.45 A SEM image slightly inclined 
from the surface plane and perpendicular to 
the crack growth direction demonstrating the 
abrupt elevation changes between fracture 
morphologies. 
 
Figure 4.46 A SEM image taken 45º to the 
surface normal and parallel to the crack 
growth direction demonstrating nearly 
perpendicular ridge face between fracture 
surface elevations. 
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side of the weld.  Note that the size, curvature, direction of concavity and symmetry of 
these regions is roughly consistent with the profile of the discontinuous partially mixed 
zones.  At low magnification these “flat” regions appear relatively featureless with the 
exception of what appear to be surface cracks on the lower flat fracture region, Figure 
4.48a.  The size and shape of these apparent cracks are consistent with the size and shape 
of prior austenite grain boundaries.  As opposed to grain boundary cracking, these 
features are the result of liquid weld metal partially disintegrating the adjacent prior 
austenitic grain boundaries of the adjacent solid metal.  The high local heat from the 
welding procedure, allows for large austenitic grains to grow in the adjacent base metal.  
The following rapid cooling to room temperature then results in the nucleation of 
martensite within the austenitic grains in the case of higher alloy and carbon steels such 
as AISI 8630 (see Chapter 2 for more detail). 
 
Figure 4.47 A low magnification SEM image 45º to the surface normal and parallel to the crack 
growth direction demonstrating smooth concave nature of the lower flat fracture region. 
Despite the flat, and relatively featureless, appearance of these regions at low 
magnification, Figure 4.48a, the increased spatial resolution afforded by high 
magnification inspection reveals a distinct texture in these regions.  As magnification is 
increased, the surfaces first appear to have a bumpy texture, Figure 4.48b.  Even higher 
magnification reveals that each bump is the node of a distinct lath structure Figure 4.48c-
4.48d.  Recall that the only place such a structure was observed during the examination of 
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the weld cross-section was within the discontinuous PMZs, compare with Figures 4.3-
4.4.   
 
Figure 4.48  SEM images of the flat fracture morphology at increasing magnifications showing a) the 
flat surface and prior austentitic grain boundary degradation, b) the bumpy texture on the surface c) 
and d) and ion and SEM image demonstrating a lath structure within the surface dimples. 
TEM examination of the samples extracted perpendicular to the surface of the Ni- 
and Fe-side of these flat fracture surfaces revealed that the underlying microstructure 
depended on elevation.  From the lower of the two flat fracture surfaces in the Fe-side, a 
clean grain with a BCC structure extends to the fracture surface, Figure 4.49.  The only 
features seen in the extracted cross-section sample were a few carbides relatively far from 
the fracture surface, Figure 4.50.  Beneath the equivalent surface on the Ni-side of the 
failure a lath structure exists, Figure 4.51.  In contrast, samples extracted from the Fe- 
and Ni-side of the higher flat fracture region demonstrate a different combination of 
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structures.  On the Fe-side, there exists a transition zone followed by a lath structure, 
Figure 4.51a.  Evidence for the presence of the transition zone is shown in the higher 
magnification of the boxed region of Figure 4.51a, which is presented in Figure 4.51b.  
On the Ni-side a M7C3 carbide region exists but without a transition zone, Figure 4.52.  
Taken together these observations indicate that the lower of the flat fracture paths exists 
at the interface between a discontinuous PMZ and the base metal while the upper path 
exists at the interface between the transition zone and the weld metal.  These observations 
are consistent with the fractography, which examined larger regions of the fracture and 
also suggested that the flat fracture regions were related to the discontinuous PMZs.  It 
can thus be concluded that the flat fracture morphology originates from failure of either 
the interface of the base metal and the discontinuous PMZ or the transition zone and the 
weld metal.  Furthermore, the fracture path transitioned between these two paths, 
although predominantly was confined to one interface or the other as evidenced by the 
extent of the constant elevation area and the paucity of elevation changes within a region. 
 
Figure 4.49  Bright-field TEM micrograph of a FIB lift-out specimen from the Fe-side of the lower 
flat fracture region showing a featureless BCC grain immediately below the fracture surface. 
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Figure 4.50 a) SEM image a FIB lift-out specimen from the Fe-side of the lower flat fracture region 
pointing to the location of b) a TEM image of a small group of carbides far from the fracture surface. 
      
Figure 4.51  Bright-field TEM micrograph of a FIB lift-out specimen from the Ni-side of the lower 
flat fracture region showing a lath structure. 
 
Figure 4.52 Bright-field TEM micrograph of a FIB lift-out specimen from the Ni-side of the upper 
flat fracture region showing a FCC grain with M7C3 carbides. 
4.2.3 Cleavage-like fracture    
 While the two dominate fracture morphologies alternated between regions of flat 
fracture and cleavage-like fracture, isolated regions of ductile failure were seen 
occasionally among the cleavage-like failure, as seen in Figure 4.53.  Although typically 
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the regions of ductile failure were on the on the order of the size seen in Figure 4.53, they 
occasionally were larger.  The largest observed ductile failure region is shown in Figure 
4.54.  It is important to note that while isolated regions of ductile failure were present, the 
surface area was insignificant compared to the that of the other two fracture 
morphologies.  Such ductile failure regions were only present within the cleavage like 
failure areas.  This phenomena will be discussed in more detail in Chapter 5.  The 
remainder of this Chapter, however, will be dedicated to the more dominate cleavage-like 
morphology.  
    
 
 
Upon inspection of the cleavage-like fracture region at traditional SEM 
magnifications, the fracture surface does appear to be crystallographic in nature.  It seems 
to have distinct, well-defined planes which change orientation from grain to grain, 
indicating a crystallographic dependence, Figure 4.53.  The three-dimensional nature of 
this fracture morphology can be seen in the anaglyph constructed from different viewing 
angles of the same region if traditional red-cyan 3D glasses are used, Figure 4.55.  Should 
3D glasses, not be available, a similar sense of the third dimension can be gleaned from 
Figure 4.53 SEM image of the cleavage-
like fracture morphology demonstrating 
apparent crystallographic planes which 
change with grain orientation and small 
regions of ductile fracture. 
 
Figure 4.54  SEM image of the cleavage-like 
fracture morphology demonstrating the largest 
observed isolated patch of ductile failure. 
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the 3D reconstruction of this region shown in Figure 4.56.  A sense of the heights of the 
ridges can be seen in Figure 4.57, wherein the color overlay refers to the depth in 
microns.  When this is demonstrated quantitatively by measuring the surface height over 
      
 
 
 
Figure 4.57  An elevation map of the cleavage like fracture surface. 
Figure 4.55 An anaglyph showing the 3D 
nature of the cleavage-like fracture surface 
when viewed with red-cyan glasses. 
 
Figure 4.56 A 3D model of the cleavage like 
fracture surface. 
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 a line profile, as shown in Figure 4.58, it is evident that there is a degree of variability to 
the peak heights.  A number of peak height measurements, similar to that shown in 
Figure 4.58, revealed that peak heights range from approximately 1-7 microns.  It should 
be noted that this means that the Ni-rich cleavage-like fracture path is within the carbon 
diffusion distance seen in Figure 4.12.  The angle between the cleavage-like plane faces 
was determined by tilting the sample both directions about the plane intersection axis 
until the viewing angle was parallel to each respective plane face, as described in more 
detail in Chapter 2.  Figure 4.60 demonstrates the results from such an experiment. 
 
Figure 4.58  a) A SEM image showing the location of elevation measurements across various 
cleavage-like peaks graphed in b).   
 Figure 4.59a shows the specimen area with a zero degree tilt angle so that both cleavage-
like planes are visible.  Figure 4.59b demonstrates the specimen tilted to an angle of -32º 
so that the viewing angle is parallel with Plane 1, while Figure 4.59c demonstrates the 
specimen rotated 180º and tilted to an angle of 45º so that the viewing angle is parallel 
with Plane 2.  The result is a measurement of 77º between plane angles.  When some of 
the plane intersections are viewed in profile, however, it is evident that there is some 
variation in this relationship, Figure 4.60.  This variation in the plane angles is the first 
evidence that this fracture morphology is not the result of a cleavage failure, contrary to  
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Figure 4.59  SEM images used to determine the angle between plane faces shown at a) 0º, b) -32º and 
c) 45º tilt. 
      
Figure 4.60  a) A SEM image showing cleavage-like plane intersections with the variation in 
intersection angles marked in b). 
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some recently published literature [142].  Recall that according to current theory it is 
impossible to have a cleavage failure in an FCC crystal, such as Ni, due to the lack of 
cleavage planes.  Indeed when the fracture surface is examined at higher magnification, 
further inconsistences with a cleavage failure mechanism become apparent.  As shown in 
Figure 4.61a when viewed at a sufficiently inclined angle with a higher degree of 
resolution, the plane faces appear dimpled rather than smooth, contrary to what is 
expected from a cleavage failure mechanism.  The even higher magnification image of 
this region in Figure 4.61b reveals that these dimples are on the order of 100 nm long, 
suggesting it is associated with the M7C3 carbides discovered in the carbon rich area of 
the planar solidification region, Figure 4.13.  TEM analysis of a sample extracted normal 
to the fracture surface confirmed not only that the cleavage like fracture path was through 
the M7C3 region, but also that the long sides of the carbides were parallel to the fracture 
surface, Figure 4.62.  While an angle between the surface normal of 90º might be 
expected when this is the case, the frequent transition from one set of plane normal to 
another yields a macroscopically wide range of plane normals, as observed in Figure 
4.60.  However, as indicated in the figure, locally the fracture surface follows the long 
axes of the carbides.  Thus, the fracture morphology that appears to be, and has been 
reported as, cleavage is actually not produced by a cleavage mechanism at all [142].  
Rather, this fracture morphology, which is produced only in the presence of hydrogen, is 
consistent with a hydrogen-enhanced decohesion mechanism along the M7C3-matrix 
interfaces followed by ductile rupture. 
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Figure 4.61  SEM images demonstrating a) the dimpled texture of the cleavage-like planes and b) the 
approximately 100 nm size of the dimples.   
 
Figure 4.62  Bright-field TEM micrograph of a FIB lift-out specimen from the cleavage-like fracture 
region showing a high density of M7C3 carbides with their long edges aligned along at the fracture 
surface and the fracture path transitioning to another plane of carbides. 
4.2.4 Fracture summary 
 In summary, the isolated fracture paths along discontinuous PMZs are connected 
through the low energy fracture path provided by the M7C3 rich region in the presence of 
hydrogen.  This leads to catastrophic failure at lower than expected toughness values 
when hydrogen is present.  The flat fracture regions appear to be macroscopically flat 
because they represent failure of the smooth interfaces formed during liquid mixing.  The 
cleavage-like fractures appear to be crystallographic in nature because they represent 
failure along the carbide interfaces which grow along specific crystallographic directions.  
Figure 4.63a illustrates the locations of the TEM liftout specimens which allowed for the 
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direction determination of the fracture path relative to the weld cross-section 
microstructure.  The transparent blue squares represent the locations of the FIB lift-out 
specimens while the red line represents the fracture path.  The microstructure is fully 
annotated relative to the fracture path in Figure 4.63b.         
 
Figure 4.63 a) a diagram illustrating the location of the FIB lift-out specimens with blue squares and 
the fracture path with a red line and b) a fully annotated illustration of the fracture path in relation 
to the Fe-Ni weld microstructure. 
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CHAPTER 5 
DISCUSSION 
5.1  Microstructure 
 A detailed microstructural study of dissimilar weld metal interfaces in AISI 8630-
IN 625 and F22-IN 625 has shown that the weldments are comprised of a variety of 
phases including discontinuous PMZs, transition zones, regions of continuous partial 
mixing and M7C3 precipitation, in certain cases, within the planar solidification region 
followed by cellular dendritic solidification.  This complex fusion line microstructure was 
shown to be in stark contrast with the simple martentsite - martensite interfaces seen in 
Fe-based similar metal welding.  Both the discontinuous PMZs and the M7C3 precipitates 
were shown to play a key role in the failure mechanism.  Thus, the formation and fracture 
through these regions will be discussed herein.  The most significant difference between 
the AISI 8630-IN 625 and F22-IN 625 interfaces was the presence of small M7C3 
precipitates in the planar solidification region, which for the in-service welding and 
PWHT conditions, were observed in the AISI 8630-IN 625 weldment only.  This latter 
observation justifies discontinuing the reference to this region either as the “white-
etching” or “featureless-zone” [142-144].  While both the discontinuous PMZs and the 
M7C3 carbide regions play a role in the observed failure mechanisms, it is proposed that 
the susceptibility to hydrogen-induced failure is attributable to the presence of the M7C3 
precipitates.   
5.1.1 Fusion line mixing and composition gradients 
 Evidence of various degrees of mixing were observed in every weld combination 
observed including AISI 8630-IN 625, F22-IN 625, F22-LAS welds and X70-IN 625 
closure welds.  The formation of the macrosegreation was consistent with the mixing 
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theories proposed by Kou presented in Section 2.1.3 [38, 39].  The “no-slip” boundary 
condition for fluid flow results in a laminar-flow layer of liquid base metal near the pool 
boundary where convection is weakened.  In the case were the liquidus temperature for 
the weld metal is lower than that of the base metal, such as for the Fe-Ni combinations 
investigated, this can result in the formation of a filler metal deficient region wherein a 
thin layer of melted and unmixed liquid base metal solidifies before the surrounding weld 
metal.  It is possible, however, that liquid diffusion, solute segregation or partial mixing 
can disturb the unmixed stagnant layer resulting in the formation of a composition 
gradient to the weld metal, as is the case for the PMZs discussed in Chapter 4.  While it is 
likely that all of these factors influenced the formation of the composition gradient within 
these regions, partial mixing resulting from strong convection currents in the weld pool 
seems to play the dominate role.  Evidence for this can be seen not only in the wide range 
of sizes of the zones, consistent with variable welding conditions which strongly 
influence the convection currents, but also in the sharp composition changes seen near the 
pool boundaries.  These sharp composition changes are consistent with increasing shear 
forces near the solid-liquid interface which would reduce fluid flow in these regions and 
thus reduce the mixing.  What results are referred to by Kou as a “filler deficient beach” 
meaning a region along the fusion line with lower relative weld metal composition.  This 
is consistent to various degrees with the composition gradients seen in both the 
continuous and discontinuous PMZs.  The variability of the “filler deficient beaches” 
including the thickness and continuity of the beach structure can be explained when the 
effects of the convection currents are considered.  The convection currents in a weld pool 
are influenced by the combination of a variety of forces including the electromagnetic 
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force, surface-tension gradients, impingement of filler metal droplets and arc shearing; all 
of which vary along the length of the pool boundary with welding parameters.  This is 
especially true when a pulsed welding procedure is used, such as for the observed welds.  
The stagnant layer and thus the beach structure, for instance, will vary in thickness if the 
heat input fluctuates during the welding or the temperature gradient normal to the pool 
varies along the pool boundary.  Thus, at select locations where convection jets 
impinging on the pool boundary are strong, the stagnant layer can be completely removed 
or significantly altered, in the case of regions void of a discontinuous PMZ.  Thus, it is 
important to recognize that despite the distinct and separate appearance of the continuous 
and discontinuous PMZs, they are formed and controlled by a single set of variables.  
These same convection currents are also responsible for the other forms of 
macrosegregation along the fusion line, such as the peninsulas of base metal protruding 
into the weld metal, and the filler deficient islands seen in the closure welds.  The strong 
convection currents push the stagnant layer into the well mixed weld metal.  Due to the 
lower liquidus temperature of the weld metal, the base metal rich peninsula or island 
rapidly solidifies before significant mixing can occur.   The advantages to using a pulsed 
welding procedure, including reduced porosity due to increased mixing and increased 
penetration depth with lower total heat input, must be weighed against the structures 
produced and their impact on the mechanical performance of the interface.  The impact 
the pulsed welding parameters have on the microstructural and compositional gradient 
formation should be thoroughly investigated so that the formation of microstructures with 
detrimental mechanical properties can be mitigated. 
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5.1.2 Post weld heat treatment effects on discontinuous partially mixed zones 
 As described in Chapter 2, the welding procedure creates a region of altered 
microstructure within the base metal called the heat affected zone or HAZ.  The region 
within the HAZ of an Fe-base metal immediately adjacent to the weld metal reaches 
temperatures sufficient to transform it from a BCC ferritic structure to a FCC austenitic 
structure.  High alloy or high carbon steels which cool too rapidly from the austenitic 
phase following the welding produce an undesirable metastable, brittle, martensitic 
structure.  The PWHT is thus designed to maintain a high temperature below the FCC-
BCC transition temperature on the phase diagram, also known as the A1C temperature, so 
as to temper the martensitic structure and stabilize the BCC structure.  The PWHT 
temperature for the AISI 8630-IN 625 weldment is illustrated as the red line on the phase 
diagram in Figure 5.1.  While this procedure does temper correctly the base metal, a 
virgin lath martensitic structure remains within the discontinuous PMZs.  This is a direct 
consequence of the difference in composition within these regions.  As demonstrated by 
the various EDS linescans presented in Section 4.1.5, the discontinuous PMZs contain a 
higher Ni content than the base metal.  Ni, which has a FCC structure, stabilizes the FCC 
austenitic phase, allowing it to exist at lower temperatures.  If the Ni content is high 
enough to lower the A1C temperature below the PWHT temperature, the PWHT will 
effectively re-austentitize the localized discontinuous PMZs while the surrounding Fe 
base metal is tempered.  Upon cooling from the PWHT procedure, a brittle virgin 
martensitic structure is recreated only in the discontinuous PMZs.  Lower PWHT 
temperatures and slower cooling rates could help mitigate the formation of martensite in 
these regions, but sufficient Ni concentrations may make this impractical.  A combination 
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of adjustments to both the welding parameters, which control the mixing, and the PWHT 
conditions should be considered to reduce the formation of these local regions with 
undesirable mechanical properties.   
 
Figure 5.1 An Fe-C phase diagram demonstrating the PWHT temperature and the lowering of the A1 
line. 
5.1.3 Post weld heat treatment effects on planar solidification regions 
 The SIMS results presented in Section 4.1.3 show the presence of carbon on the 
weld metal side in both systems.  However, although the concentration was not 
quantified, it is likely higher for the AISI 8630-IN 625 than the F22-IN 625 interface as 
the carbon concentration is about double in the AISI 8630 base metal compared to the 
F22.  Therefore, for similar welding and PWHT conditions, carbide precipitation is more 
likely in the IN 625 welded to AISI 8630 than F22.  As demonstrated in Section 4.1.6, the 
carbide precipitation in this region is encouraged in both systems with increased PWHT 
time, consistent with carbon diffusion from the Fe-base metal.  Similar carbide 
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precipitation in the F22-IN 625 weldment is possible, but requires additional PWHT time 
or increased PWHT temperature due to the lower carbon content in the base metal.  
Based on the expected composition of IN 625 the formation of M7C3 is not anticipated 
[151].  However, as demonstrated in Section 4.1.5, the matrix composition in this region 
is not that of IN 625, it is richer in Fe and leaner in Ni and Cr.  It is this composition 
difference that facilitates the formation of these precipitates.  As evidenced by the carbide 
free region immediately adjacent to the transition zone, Figure 4.5a, which is higher in Fe 
and carbon but lower in Ni and Cr, these carbides likely depend on a specific range of 
matrix composition in order to form under the investigated PWHT conditions.  The 
presence of these carbides can now be used to explain the previously perplexing results of 
increasing hardness peaks and hydrogen solubility within the “featureless-zone” as a 
function of PWHT [138, 142-144].  As demonstrated in Section 4.1.6, the carbide size 
and density increase as a function of increasing PWHT.  The addition of these hard 
carbides acts to impede dislocation motion thus effectively increasing the local hardness.  
Additionally, as described in Section 2.2.2, these carbides are expected to act as hydrogen 
traps.  Thus, as their number and density increase with increasing PWHT the local 
hydrogen solubility will also increase.           
5.2 Fracture 
 In contrast to traditional hydrogen-induced failure of Fe-based weldments, which 
typically occur within the coarse grain heat region of the heat affected zone (Chapter 2), 
the investigated hydrogen-induced failures of the Fe-Ni based butter welds were shown to 
occur on the liquid-metal side of the fusion line.  The failures alternated from the Fe-rich 
to the Ni-rich side of the weld following specific microstructural regions.  The hydrogen-
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induced fracture in the AISI 8630-IN 625 weldments was shown to be associated with 
failure along either the interface between the discontinuous PMZ and the base metal or 
the interface between the transition zone and the weld metal, producing flat fracture 
regions, and with the M7C3 precipitates in the planar solidification zone, producing 
cleavage-like fractures.  The details of these fracture mechanisms, their general ordering, 
and relation to the measured mechanical properties will be discussed in the following 
sections.     
5.2.1 Fracture along discontinuous partially mixed zones 
 The virgin martensite created within the discontinuous PMZs as a consequence of 
both the compositional mixing during the welding procedure and the PWHT temperature 
and cooling rate resulted in the formation of discontinuous brittle regions which were 
linked to the flat fracture morphology.  The flat fracture morphology has been reported to 
occur in both the presence and absence of hydrogen [94, 142].  This is not surprising as 
martensite is the most brittle phase observed within these weld interfaces [152].  These 
discontinuous brittle regions pose two distinct problems in terms of failure.  From a 
fracture mechanics point-of-view, the length of the zones, which are dependent on 
welding conditions, are important if they approach the critical flaw size [145].  Due to the 
brittle nature of the discontinuous PMZs, crack initiation and propagation within this 
region is expected to have a lower required energy compared to the surrounding material.  
Therefore a crack which can nucleate and propagate below the design limits within such a 
region would be arrested upon reaching the more ductile surrounding material if the 
length of the crack remains below the critical flaw size of the surrounding matrix.  If the 
length of the discontinuous PMZ is longer than that of the critical flaw size of the 
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surrounding material, however, a nucleated crack could continue to grow within the 
brittle region until the surrounding material is no longer sufficiently ductile to contain it.  
At this point the crack could continue to grow uninhibited along the entire weld interface, 
resulting in catastrophic failure of the welded component.  In order to combat this, either 
the welding parameters would have to be controlled such that the maximum 
discontinuous PMZ length is below the critical flaw size of the surrounding matrix or the 
design limits would have to based on fracture mechanics calculations using the critical 
flaw size of the discontinuous PMZs.  In addition to fracture mechanics, the load bearing 
capacity of the entire weld interface must also be reconsidered as a result of the 
discontinuous PMZs.  The discontinuous PMZs occupy approximately one-third of the 
length of the weld interface in most cases, Table 4.3.  Even if the length of the individual 
discontinuous PMZs were controlled such that they were below the critical flaw length of 
the surrounding matrix, the accumulation of a large number of these flaws within the 
discontinuous PMZs could significantly reduce the load bearing capacity of the interface.  
This reduction would simply be a result of the reduced interfacial area as a result of the 
summation of small cracked regions. 
 While the flat fracture regions were capable of failing without hydrogen, the 
presence of hydrogen is expected to exacerbate the fracture mechanics problems already 
described.  Although not verified, hydrogen is expected to segregate to and aggregate at 
the discontinuous PMZ interfaces with the base and welds.  As described in Chapter 2, 
this is expected as a consequence of the differences of both hydrogen diffusivity and 
solubility in each respective structure.  The hydrogen concentration within and 
immediately around interfaces and grain boundaries, such as those along the 
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discontinuous PMZs, is expected to be higher than the surrounding matrix as a 
consequence of hydrogen trapping.  Depending on the direction of hydrogen diffusion, 
the concentration along the interface could be further intensified either as a result of 
differences in diffusion rates or in solubility.  If hydrogen diffuses from the BCC side of 
the interface into the FCC side, the slower relative diffusion rate in the FCC side would 
result in hydrogen accumulation at the interface because hydrogen would be supplied 
faster than it could be removed.  If hydrogen diffuses from the FCC side of the interface 
to the BCC side or is saturated and no longer diffusing, the differences in hydrogen 
solubility would play a role.  The FCC side of the interface, which has a higher hydrogen 
solubility, would act as a hydrogen source, resulting in higher hydrogen concentrations in 
regions immediately adjacent to the interface, such as the discontinuous PMZs, than in 
other BCC regions.  Although the precise relationship between the interfacial strength 
and local hydrogen concentration is not known, this accumulated hydrogen could reduce 
the cohesive strength of the interface.  Macroscopic mechanical testing with hydrogen is 
currently typically done to account for this effect indirectly while a better understanding 
of the basic science behind this relationship is sought. 
5.2.2 Fracture through the planar solidification region 
 It is posited that the cleavage-like fracture morphology, seen in Figures 4.54-4.62, 
which occurs in the presence of hydrogen only, is a consequence of hydrogen trapping at 
the M7C3 precipitates and the attendant reduction in either the interfacial strength 
between the precipitates and the matrix or in the local reduction in cohesive strength of 
the surrounding matrix inducing interfacial failure or void formation [94, 142].  As a  
consequence of the small size and high density of the carbides, failure between the voids 
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would occur before the void sizes grew large relative to the scale of the fracture 
morphology, Figure 4.62.  This would not be the case, however, in local regions with low 
carbide density.  The result would be isolated regions of ductile fracture morphology as 
seen in Figures 4.45-4.55.  The larger scale crystallographic nature of the fracture surface 
is dictated by the morphology of the carbides which favor growth along <100> 
directions.  As demonstrated by the range of angles between the fracture plane faces, 
Figure 4.61, while the fracture primarily occurred along the long side of the carbides it 
could transition between sets of carbide planes.  The result is a fracture surface which 
gives the general appearance of a crystallographically-based cleavage failure, but is not 
bound by specific plane angles.  Since this failure mechanism was only seen in the 
presence of hydrogen, hydrogen degradation is known to play a role, but the magnitude 
of the expected reduction of the interface or matrix cohesive strength as a function of 
hydrogen concentration remains unknown.   
Here it is important to stress that the above interpretation pertains to the AISI 
8630-IN 625 weldments produced under particular welding and PWHT conditions 
studied.  Other dissimilar metal weldments, such as the F22-IN 625, treated in a similar 
manner may not exhibit the same density or distribution of M7C3 precipitates and 
therefore would not exhibit the same degree of susceptibility to hydrogen embrittlement.  
However, this does not preclude the formation of these or other precipitates under 
different PWHT conditions.  As evidenced by the PWHT experiments discussed in 
Section 4.1.6, either longer annealing times or higher annealing temperatures could 
produce these precipitates, which could increase the susceptibility of that weld to 
hydrogen embrittlement.  With respect to dissimilar metal welds, the appropriate PWHT 
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condition may need to be a compromise between optimization of the properties in the 
heat affected zone and the degree of carbon diffusion that can be tolerated such that 
precipitation of fine ordered carbides is avoided.  As PWHT procedures use longer times 
and higher temperatures, carbide free regions are expected to decrease with a possible 
deterioration in fracture toughness in a hydrogen environment.  Thus, welding conditions 
which lead to longer and more frequent discontinuous PMZs in conjunction with PWHT 
procedures and base metal compositions which encourage the diffusion of carbon to the 
Ni-side of the fusion line are expected to produce weldments that are more susceptible to 
hydrogen-induced failure.   
5.2.3 Fracture origin 
 Acoustic emission studies performed by collaborating investigators attempted to 
determine which fracture morphology initiated the weld failures. A unique sound 
signature was found for each type of fracture morphology and used to identify the 
initiating morphology by monitoring slow strain rate cathodically-charged three-point 
bend specimens.  No strong preference was found for fracture initiating with either 
morphology indicating that both interfaces, those of the discontinuous PMZs and those 
between the M7C3 carbides and the matrix, were of similar strength in the presence of 
hydrogen [94].  These results, however, are in contrast to some recent in-service arrested 
fracture specimens which only demonstrated the flat fracture morphology, indicating that 
this fracture morphology was the favored initiation site [141].  The contrast and error of 
the acoustic emission results becomes clear when the scale and continuity of the 
microstructural features are considered.  Many of the discontinuous PMZs, responsible 
for the flat fracture morphology, were often on the order of millimeters long with even 
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greater spacing between them, Table 4.3.  Thus, in order to accurately determine which 
microstructure initiates failure, very large samples would need to be tested to ensure an 
average sampling of the entire interface.  Alternatively during the manufacture of the 
standard three-point bend specimen the EDM notch would have to be positioned such 
that it covered an equal amount of discontinuous and continuous PMZ.  If the notch was 
adjacent to a region containing no discontinuous PMZ, for instance, cracking would be 
forced to initiate within the planar solidification region.  If both microstructures were 
present at the EDM notch, however, cracking would initiate within the discontinuous 
PMZ.  Testing standard-size three point bend specimens without this consideration would 
lead to the improper conclusion that there was no difference in the crack nucleation site 
but this would be based on improper sampling.    Thus, based on the order of the 
appearance of the fracture morphologies within the full scale in-service weldments it can 
be concluded that in the presence of hydrogen the carbide-rich planar solidification 
region acts as a low energy fracture path connecting the existing intial flat fracture 
regions.  This is also consistent with the general observation of constantly altering 
fracture morphologies.  If the carbide matrix interface was the weakest link there would 
be no incentive for the fracture path to wander to a stronger alternative interface.  The 
result would be a single cleavage-like fracture morphology.  If the fracture initiates along 
the interfaces of the discontinuous PMZs, on the other hand, the fracture would be forced 
to find an alternate path upon reaching the end of the zone due to their intermittent 
nature.  As this is consistent with all of the reported in-service failures, it can be 
concluded that the flat fracture morphology is the initiating one.    
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 The question as to which of the two interfaces producing the flat fracture 
morphology is the cause of failure initiation can also be answered in a similar manner.  
Recall that the flat fracture morphology was seen at two distinctly different elevations 
and microstructural interfaces, the Fe-base metal - discontinuous PMZ interface and the 
transition zone – continuous PMZ interface.  The transition zone – continuous PMZ 
interface exists along the entire weld interface, and yet failure of this interface was only 
seen in flat fraction regions with a lath imprint consistent with discontinuous PMZ 
interfaces.  If the transition zone interface was indeed the weakest interface, a single 
fracture morphology would prevail and the upper flat fracture morphology, failure of the 
transition zone – continuous PMZ interface, as a result of the continuous nature of this 
interface along the fusion line.  This would also result in the flat fracture region only 
having a lath imprint in regions above a discontinuous PMZ as opposed to pervasively.  
Instead, it is the Fe-base metal – discontinuous PMZ which is intermittent and thus 
consistent with the alternating fracture morphology.  It is therefore sensible to conclude 
that the failure initiates at the Fe-base metal – discontinuous PMZ interface and 
occasionally uses the transition zone – continuous PMZ interface as a secondary failure 
path in route to the lower energy fracture path in the carbide rich planar solidification 
region.  The use of this secondary failure path likely depends on the local residual and 
resolved stress and would be encouraged by wider discontinuous PMZs.  Recall that the 
discontinuous PMZs can be on the order of tens of microns wide in some areas and that 
M7C3 carbide density is low immediately adjacent to the transition zone where the Fe 
composition is still  high, Figure 4.5a.   
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 In summary, failure initiates at the Fe-base metal - discontinuous PMZ interfaces.  
Due to the intermittent nature of these zones, in the presence of hydrogen the failure is 
then connected through the low energy fracture path provided by high density of carbide-
matrix interfaces in the planar solidification region.  Occasionally, the transition zone – 
continuous PMZ interface also fails while the failure shifts from the Fe - discontinuous 
PMZ interface to the Ni-rich side of the interface.     
5.3 Fracture toughness trends 
 The crack growth resistance curves presented in Section 2.3.2, are in general, 
consistent with the fracture mechanism described thus far.  The carbon steel butter welds 
preform the best relative to the Fe-Ni butter welds, while the F22-IN 625 weldments out 
preform the AISI 8630-IN 625 weldments in the 10 hour PWHT condition.  This is in 
line with the fact that the LAS butter welds had none of the microstructural features 
responsible for the described failure mechanism; the F22-IN 625 weldments only had 
some of the required features, the discontinuous PMZs; and the AISI 8630-IN 625 
weldments had all of the features.  The results of these mechanical property tests, 
however, should also be considered carefully since most of the results are based on crack 
lengths less than a millimeter with the longest crack lengths being on the order of two 
millimeters.  Because the spacing between discontinuous PMZs is often on the order of 
tens of millimeters, these crack lengths would not accurately sample a representative 
microstructure along the weld interface.  Different results would be expected if the 
sample included a region with a discontinuous PMZ compared to a sample void of such a 
region.  This may explain some of the large scatter in data which has plagued the 
mechanical testing of these welds to date [94, 141].  Future mechanical testing of these 
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interfaces must account for the large discontinuous microstructural regions along the Fe-
Ni weld interfaces.  In order to avoid the need to generate the great amounts of force 
required to test samples large enough to be representative of the entire interface, it may 
be beneficial to generate standard size test specimens with known microstructure.  This 
would allow both crack initiation and propagation stresses to be determined in both 
discontinuous PMZ interfaces as well as M7C3 carbide rich regions.  Design standards 
could then be developed based on these values as well as an understanding of the general 
fusion zone microstructure.   
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CHAPTER 6 
CONCLUSIONS 
 Discontinuous regions of partially mixed composition are created along the weld 
interfaces as a result of variable convection currents in the weld pool.  As a consequence 
of the composition within the discontinuous partially mixed regions, virgin martensite is 
created within the PMZ upon cooling from the PWHT temperature resulting in the 
formation of discontinuous brittle regions along the weld interface.  Further towards the 
Ni-side of the welddment, a continuous 200 nm-wide transition zone is formed between 
the BCC and FCC regions of the weld interface within a 10-20 µm wide planar 
solidification region.  Following the planar solidification region, the solidification 
structure breaks down into a cellular dendritic structure with Nb-Mo rich carbides 
decorating the dendrite boundaries.  During PWHT, carbon diffuses from the Fe-base 
metal into the Ni-rich side of the interface.  This results in the formation of a fine array of 
M7C3 carbides within the mixed composition of the planar solidification region for the 
AISI 8630-IN 625 weldments in the 10 hour PWHT condition, but not for the F22-IN 
625.  Longer PWHT lead to the continued development of these carbides resulting in the 
nucleation of carbides in the F22-IN 625 weldment in the 15 hour PWHT condition and 
the evolution to a new morphology in the AISI 8630-IN 625 weldment. 
The M7C3 carbides, which form in what was previously called the “featureless 
zone,” play a key role in determining the hydrogen susceptibility of these Fe-Ni butter 
weldments.  Fractures initially nucleate along the isolated interfaces between the Fe-base 
metal and discontinuous PMZs.  The M7C3 carbides accumulate hydrogen produced by 
the cathodic protection and provide a low energy fracture path between the discontinuous 
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PMZs leading to catastrophic failure.  The result is a fracture morphology that alternates 
between flat regions produced by the discontinuous PMZ interface fracture and cleavage-
like regions produced by fracture along the ordered carbide-matrix interfaces.  Based on 
these observations, considerations for welding conditions and PWHT strategies to 
minimize the susceptibility to hydrogen embrittlement were proposed.  
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APPENDIX A 
WELDING PROCEDURE DETAILS 
A.1 F22-IN 625 butter weld 
 
Figure A.1 Hub materials are butter welded to build up IN 625 material in a horizontal layering 
fashion and then machined with a bevel in preparation for a closure weld. 
   
Preheat Parameters 
Minimum Preheat  177°C 
Maximum Preheat  288°C 
Preheat Method Propane 
Preheat control Contact Pyrometer 
Post Weld Bake Out 260°C for 1 hr 
 
Weld Processing Set-Up Parameters 
GTAW WFS 100 IPM 
GTAW Heat Angle 0° with trailing wire feed 
Gas Flow 
40 CFH w/ #10 cup / gas 
lens 
Tungsten 
2% Thoriated, 1/8" 
diameter 
  Post Weld Heat Treatment 
PWHT 
649°C for 5, 10, 15 
hr 
Heating rate 204°C per hr 
Cooling rate 204°C per hr 
Start/Finish Temperature 427°C 
PWHT prior to Bevel Yes 
Material and Weld Parameters 
Material  ASTM 182 
Grade  F22 
Pipe Diameter 10.75" 
Thickness 1.2" 
Type of Welding Hot wire -GTAW-Machine 
Position  2G 
Electrode AWS ERNiCrMo-3 
Electrode Alloy Inconel 625 
Electrode Size 0.045" 
Current Polarity DC 
Pass Multiple 
Arc  Single 
  Hot Wire Set-Up Parameters 
AC Amperage 110 A 
AC Volts 3.3 V 
Step Increment 50% of bead width 
Wire Stick Out 0.625" to 0.750" 
*AC measurements taken while welding 
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Pulse Set-Up Parameters 
Peak Current 240 A 
Background Current 120 A 
Pulse Duration 0.300 s 
Heat Input 
Pass 
# 
Bead 
Number Amps Volts 
Travel Speed 
(in/min) Heat Input (KJ/in) Interpass Preheat (°C) 
1 1 to 7 182 11.2 8 15.2 NA 
2 8 to 13 182 11.4 8 15.5 343 
3 14 to 22 178 11 8 14.6 343 
4 23 to 31 182 10.7 8 14.6 343 
5 32 to 37 182 10.9 8 14.8 343 
6 38 to 45 182 10.9 8 14.8 343 
7 46 to 53 182 10.8 8 14.7 343 
8 54 to 60 182 11 8 15 343 
9 61 to 68 182 10.9 8 14.8 343 
10 69 to 79 182 11.1 8 15.1 343 
11 80-87 182 10.9 8 14.8 343 
12 88-95 182 10.7 8 14.6 343 
13 Buildup 183 10.7 8 14.6 343 
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A.2 AISI 8630-IN 625 butter weld 
 
Figure A.2 Hub materials are butter welded to build up IN 625 material in a horizontal layering 
fashion. 
 
 
 
 
 
 
Preheat Parameters 
Minimum Preheat  204°C 
Maximum Preheat  316°C 
Preheat Method Oxyacetylene torch 
Preheat control Contact Pyrometer 
Post Weld Bake Out 343°C for 1 hr 
 
  
Weld Processing Set-Up Parameters 
GTAW WFS 75 IPM 
GTAW Heat Angle 45° with trailing wire feed 
Gas Flow 
40 CFH w/ #12 cup / gas 
lens 
Tungsten 
2% Thoriated, 1/8" 
diameter 
 
 
 
 
Post Weld Heat Treatment 
PWHT 691°C for 5, 10, 15 hr 
Heating rate 204°C per hr 
Cooling rate 260°C per hr 
Start/Finish 
Temperature 427°C 
Material and Weld Parameters 
Material  AISI 8630 
Grade  8630 
Pipe Diameter 10" OD 
Thickness 3.5" 
Type of Welding 
Pulse-Hot Wire -GTAW-
Machine 
Position  1G 
Electrode AWS ERNiCrMo-3 
Electrode Alloy Inconel 625 
Electrode Size 0.045" 
Current Polarity DCEN 
Pass Multiple 
Arc  Single 
Gas Argon 
 
 
 
 
Hot Wire Set-Up Parameters 
AC Amperage 110 A 
AC Volts 3.3 V 
Step Increment 50% of bead width 
Wire Stick Out 0.625" to 0.750" 
*AC measurements taken while welding 
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Pulse Set-Up Parameters 
Peak Current 270 A 
Background Current  149 A 
Voltage 11.4 
Peak Time (sec) 0.2 
Background Time (sec) 0.2 
Heat input 
Pass 
# Bead Number Amps Volts 
Travel Speed 
(in/min) Heat Input (KJ/in) 
Interpass Preheat 
(°C) 
1 1 to 6 209 10.4 7 21.2 209-244 
2 7 to 12 209 10.2 7 20.7 217-277 
3 13 to 18 209 11 7 22.2 208-266 
4 19 to 23 209 10.9 7 22.1 43-260 
5 24 to 29 209 10.6 7 21.4 209-263 
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A.3 F22-LAS butter weld 
Figure A.3 Hub materials are butter welded to build up LAS material in a horizontal layering 
fashion and then machined with a bevel in preparation for a closure weld. 
 
Preheat Parameters 
Minimum Preheat  177°C 
Maximum Preheat  288°C 
Preheat Method Propane 
Preheat control Contact Pyrometer 
Post Weld Bake Out 260°C for 1 hr 
 
 
Weld Processing Set-Up Parameters 
GTAW WFS 100 IPM 
GTAW Heat Angle 0° with trailing wire feed 
Gas Flow 
40 CFH w/ #10 cup / gas 
lens 
Tungsten 
2% Thoriated, 1/8" 
diameter 
 
 
 
Post Weld Heat Treatment 
PWHT 649°C for 5, 10, 15 hr 
Heating rate 204°C per hr 
Cooling rate 204°C per hr 
Start/Finish 
Temperature 427°C 
PWHT prior to Bevel Yes 
 
Material and Weld Parameters 
Material  ASTM 182 
Grade  F22 
Pipe Diameter 10.75"  
Thickness 1.2" 
Type of Welding Hot Wire -GTAW-Machine 
Position  2G 
Electrode AWS ER80S-D2 
Electrode Size 0.045" 
Current Polarity DC 
Pass Multiple 
Arc  Single 
 
 
 Hot Wire Set-Up Parameters 
AC Amperage 110 A 
AC Volts 3.3 V 
Step Increment 50% of bead width 
Wire Stick Out 0.625" to 0.750" 
*AC measurements taken while welding 
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Pulse Set-Up Parameters 
Peak Current 280 A 
Background Current  140 A 
Pulse Duration  0.300 s 
 
Heat Input 
Pass 
# Bead Number Amps Volts Travel Speed (in/min) Heat Input (KJ/in) 
Interpass 
Preheat 
(°C) 
1 1 to 5 214 10.2 8 16.3 NA 
2 6 to 10 210 10.8 8 17 288 
3 11 to 16 215 10.4 8 16.7 288 
4 17 to 19 216 10.4 8 16.8 288 
5 20 to 24 215 10.4 8 16.7 288 
6 25 to 29 325 10.4 8 16.7 288 
7 30 to 34 218 9.9 8 16.1 288 
8 35 to 39 215 10.6 8 17 288 
9 46 to 48 210 10.4 8 16.3 288 
10 49 to 52 211 10.4 8 16.4 288 
11 53 to 56 216 10.9 8 17.6 288 
12 57 to 61 211 10.4 8 16.4 288 
13 Buildup 215 10.7 8 17.1 288 
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A.4 F22-IN 625 closure weld 
Figure A.4 A closure weld is completed between the butter material and the pipeline steel. 
 
Preheat Parameters 
Minimum Preheat  149°C 
Maximum Preheat  288°C 
Preheat Method Propane 
Preheat control Contact Pyrometer 
 
 
Weld Processing Set-Up Parameters 
Gas Flow 
40 CFH w/ #10 cup / gas 
lens 
Tungsten 
2% Thoriated, 1/8" 
diameter 
 
 
General Material and Weld Parameters 
Buttered Material  ASTM 182 
Buttered Material Grade  F22 
Pipe Material API5L 
Pipe Material Grade X70 
Pipe Diameter 10.75” 
Pipe Thickness 1.2” 
Position 5G 
Pass Direction Up 
Land 0.050” 
Gap 0.125” 
Primary Electrode GTAW-Manual 
Primary Electrode AWS ERNiCrMo-3 
Primary Electrode TN Inconel 625 
Primary Current Polarity DCEN 
Secondary Electrode SMAW-Manual 
Secondary Electrode AWS ENiCrMo-3 
Secondary Electrode TN Inconel 112 
Secondary Current Polarity DCEP 
Shielding gas Argon 
Purge gas Argon 
Pass Multiple 
Arc Single 
PWHT None 
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Heat Input 
Pass 
Electrode 
Amps Volts 
Travel 
Speed 
(in/min) 
Heat 
Input 
(KJ/in) 
Preheat Or 
Interpass 
Temperature 
(°C) 
Weld 
Type AWS Class 
Size 
(in) 
Root ERNiCrMo-3 0.125 101 14 2 42.4 154 
Manual 
GTAW 
Hot ERNiCrMo-3 0.125 164 14.6 2.4 59.8 149 
Manual 
GTAW 
Fill 1 ERNiCrMo-3 0.094 65 23.4 2.7 33.8 202 SMAW 
Fill 2 ERNiCrMo-3 0.094 66 23.5 2.1 44.3 204 SMAW 
Fill 3 ERNiCrMo-3 0.125 87 22.4 1.8 64.9 213 SMAW 
Fill 4 ERNiCrMo-3 0.125 84 23.1 1.8 64.6 174 SMAW 
Fill 5 ERNiCrMo-3 0.125 87 22.3 2.2 52.9 232 SMAW 
Fill 6 ERNiCrMo-3 0.125 88 25.1 2.8 47.3 232 SMAW 
Fill 7 ERNiCrMo-3 0.125 83 25 3 41.5 232 SMAW 
Fill 8 ERNiCrMo-3 0.125 89 24.2 2.1 61.5 179 SMAW 
Fill 9 ERNiCrMo-3 0.125 82 24.7 3.5 34.7 246 SMAW 
Fill 10 ERNiCrMo-3 0.125 94 23.2 3.1 42.1 257 SMAW 
Fill 11 ERNiCrMo-3 0.125 91 23.5 2.4 53.4 218 SMAW 
Fill 12 ERNiCrMo-3 0.125 89 25.2 2.7 49.8 232 SMAW 
Fill 13 ERNiCrMo-3 0.125 91 25.6 3.1 45 232 SMAW 
Fill 14 ERNiCrMo-3 0.125 87 25.9 3 45 232 SMAW 
Fill 15 ERNiCrMo-3 0.125 87 25.2 3.4 38.6 232 SMAW 
Fill 16 ERNiCrMo-3 0.125 90 25.4 4 34.2 232 SMAW 
Fill 17 ERNiCrMo-3 0.125 88 24 4.1 30.9 218 SMAW 
Fill 18 ERNiCrMo-3 0.125 88 25.6 4.7 28.7 232 SMAW 
Cap 19 ERNiCrMo-3 0.125 80 25.4 4 30.4 232 SMAW 
Cap 20 ERNiCrMo-3 0.125 85 24.4 3.7 33.6 232 SMAW 
Cap 21 ERNiCrMo-3 0.125 81 24.1 3.2 36.6 238 SMAW 
Cap 22 ERNiCrMo-3 0.125 82 25 2.2 55.9 232 SMAW 
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A.5 F22-LAS closure weld 
 
Figure A.5 A closure weld is completed between the butter material and the pipeline steel. 
 
Preheat Parameters 
Minimum Preheat  149°C 
Maximum Preheat  288°C 
Preheat Method Propane 
Preheat control Contact Pyrometer 
 
 
Weld Processing Set-Up Parameters 
Gas Flow 
40 CFH w/ #10 cup / gas 
lens 
Tungsten 
2% Thoriated, 1/8" 
diameter 
General Material and Weld Parameters 
Buttered Material  ASTM 182 
Buttered Material Grade  F22 
Pipe Material API5L 
Pipe Material Grade X70 
Pipe Diameter 10.75” 
Pipe Thickness 1.2” 
Position 5G 
Pass Direction Up 
Land 0.050” 
Gap 0.125” 
Primary Electrode GTAW-Manual 
Primary Electrode AWS ERNiCrMo-3 
Primary Electrode TN Inconel 625 
Primary Current Polarity DCEN 
Secondary Electrode SMAW-Manual 
Secondary Electrode AWS ENiCrMo-3 
Secondary Electrode TN Inconel 112 
Secondary Current Polarity DCEP 
Shielding gas Argon 
Purge gas Argon 
Pass Multiple 
Arc Single 
PWHT None 
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Heat Input 
Pass 
Electrode 
Amps Volts 
Travel 
Speed 
(in/min) 
Heat 
Input 
(KJ/in) 
Preheat Or 
Interpass 
Temperature 
(°C) 
Weld 
Type AWS Class 
Size 
(in) 
Root ERNiCrMo-3 0.125 100 11.9 1.5 47.6 157 
Manual 
GTAW 
Hot ERNiCrMo-3 0.125 155 14.5 2.3 58.6 152 
Manual 
GTAW 
Fill 1 ERNiCrMo-3 0.094 82 24.3 1.6 74.7 163 SMAW 
Fill 2 ERNiCrMo-3 0.094 83 25.2 1.7 73.5 218 SMAW 
Fill 3 ERNiCrMo-3 0.125 82 24.1 3.2 37 199 SMAW 
Fill 4 ERNiCrMo-3 0.125 82 24.1 3.2 37 199 SMAW 
Fill 5 ERNiCrMo-3 0.125 82 24.1 3.2 37 177 SMAW 
Fill 6 ERNiCrMo-3 0.125 79 25 2.1 56.4 218 SMAW 
Fill 7 ERNiCrMo-3 0.125 83 25.4 1.9 66.5 177 SMAW 
Fill 8 ERNiCrMo-3 0.125 83 25.2 2.2 57 204 SMAW 
Fill 9 ERNiCrMo-3 0.125 78 22.7 2.7 39.3 218 SMAW 
Fill 10 ERNiCrMo-3 0.125 78 23.3 1.9 57.3 232 SMAW 
Fill 11 ERNiCrMo-3 0.125 80 25.1 1.9 63.4 218 SMAW 
Fill 12 ERNiCrMo-3 0.125 82 23 3.1 36.5 232 SMAW 
Fill 13 ERNiCrMo-3 0.125 85 23.2 1.9 62.2 232 SMAW 
Strip 14 ERNiCrMo-3 0.125 77 25 2.6 44.4 227 SMAW 
Strip 15 ERNiCrMo-3 0.125 78 24.5 1.9 60.3 232 SMAW 
Strip 16 ERNiCrMo-3 0.125 79 23.7 2.5 44.9 232 SMAW 
Fill 17 ERNiCrMo-3 0.125 78 24.6 4.6 25 210 SMAW 
Fill 18 ERNiCrMo-3 0.125 79 23.4 4 27.7 152 SMAW 
Fill 19 ERNiCrMo-3 0.125 81 23.1 3.5 32 154 SMAW 
Fill 20 ERNiCrMo-3 0.125 83 24.2 2.4 50.2 174 SMAW 
Cap 21 ERNiCrMo-3 0.125 71 23.1 3.4 28.9 174 SMAW 
Cap 22 ERNiCrMo-3 0.125 68 23.7 2.7 35.8 174 SMAW 
Cap 23 ERNiCrMo-3 0.125 73 23.4 3.2 32 232 SMAW 
Cap 24 ERNiCrMo-3 0.125 71 23.2 2.8 35.3 218 SMAW 
Cap 25 ERNiCrMo-3 0.125 67 23.8 2.5 38.2 199 SMAW 
 
 
151 
 
AUTHOR’S BIOGRAPHY 
 Jamey Fenske was born on April 4, 1984 in Aurora, Illinois to Karen and Ronald 
Fenske Jr.  After graduating with honors from West Aurora Senior High School, he 
secured an internship at Packer Engineering in Naperville, Illinois where he began 
working in the metallurgical failure analysis and testing lab.  In between lab work, he 
made molds and steel sand castings of engine parts needed for a Wright Flyer recreation 
project in celebration of the 100 year anniversary of powered flight.  In the fall of 2002, 
Jamey entered the Materials Science and Engineering program at the University of 
Illinois, Urbana- Champaign with a focus on metals.  The following summer he began an 
internship with Packer Technologies International.  He was stationed at Michigan Steel in 
Muskegon, Michigan to improve production quality and to research thin wall stainless 
sand steel casting.    During the summer and winter breaks between semesters of college, 
Jamey continued to work at Packer Engineering in the metallurgical failure analysis and 
testing lab in support of a large variety of industrial projects and professional testimony. 
He also conducted research in conjunction with Packer Engineering including the 
development of an engine condition monitoring system for piston aircraft engines.  
During his senior year in college, Jamey began doing undergraduate research under the 
direction of Professor Ian M. Robertson investigating hydrogen permeation and 
preventative measures against hydrogen embrittlement of pipeline steels.  In 2006 Jamey 
graduated with honors with a Bachelor of Science in Materials Science and Engineering 
from the University of Illinois, Urbana-Champaign.  The summer following graduation, 
he continued to do research under the direction of Professor Ian M. Robertson 
investigating deformation mechanisms in irradiated materials and equal channel angular 
152 
 
pressed aluminum using in situ TEM, SEM and a variety of other microscopic 
techniques.  In the fall of 2006 Jamey began his graduate career at the University of 
Illinois, Urbana-Champaign and joined the research group of Professor Ian M. Robertson 
in the Materials Science and Engineering department.  During his graduate career he 
undertook a variety of research projects including, but not limited to: in situ high 
temperature dislocation-boundary interactions in austenitic stainless steels, in situ high 
and room temperature effects of radiation damage on the dislocation motion and 
dislocation-grain boundary interactions in austenitic stainless steels, in situ dislocation-
loop interactions in aluminum alloys, deformation mechanisms in equal channel angular 
pressed aluminum, hydrogen permeation of pipeline steels, hydrogen enhanced fracture 
mechanisms in steel, in situ heating and grain growth in nano-grain gold, TEM 
investigation of effects of hydride formation on the defect density in palladium, and TEM 
investigation defects in oxide dispersion strengthened steels.  In the summer of 2007 
Jamey took an internship at the ExxonMobil Development Company in Houston, Texas 
where he oversaw failure analysis, mechanical testing and qualification programs.  He 
brought hydrogen susceptible dissimilar metal weld samples back to Champaign with 
him for detailed microscopic investigation which he eventually adopted as his thesis 
work.  During the summer of 2008 he secured an internship at the ExxonMobil Corporate 
Strategic Research Company in Clinton, New Jersey where he continued to investigate 
the hydrogen susceptibility of dissimilar metal butter welds.  His work was presented in 
the 2010 Microscopy and Microanaylsis Conference, the 2010 Materials and Science and 
Technology Conference, and published in Metallurgical Transitions A.  Following the 
153 
 
deposition of this document Jamey plans to move to Houston, Texas with his new wife to 
join the technical staff of the ExxonMobil Development Company.            
 
 
